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ABSTRACT

The trend of miniaturization has revolutionized modern technologies, with -naoch

nanoscale materials driving transformative advancements intdgbhindustries and

scientific discovery. Among the various properties and applications enabled at tlaise sm
scales, nanomechanical properties play a fundamental role, underpinning the integrity and
functionality of any structures omsystems. However, despite advancements in both
conventional and emerging mierand nanemanufacturing strategies, there has remained a

|l ack of diupéctexpleoti memt al pat hways to fabr
responses of submicresized monolithic naro-specimens with unconventional
microstructures and/@&D nancarchitectures with submicresized features, particulardgr

non-carba materials

In this work, | will present novel nantabrication and manufacturing strategies and their
applicatiors in addressing these nanomechanical challenges through three key. $tudies
Chapter 2the deformation characteristic of organic icesisdied viacryogenicmicro-
compressiomnd molecular dynamics simulatiomsoviding insights inta benzenging re
orientationmediated densification deformation route and offering new insights into
planetary geologyfor celestial bodies such as Titan. @Ghapter 3 we experimentally
unveiled unprecedentedwo-regime size effects in additively manufactured metallic
nanopillas with hierarchical microstructurgsevealing ananocrystallity-, nanoporosity
mediated plasticity mechanism through atomistic insight€Hapter 4 we extended this
nanemanufacturing approach to exploranoporositydriven deformationbehaviorsin
nancarchitected metalwith in situexperiments and finite element analy3isgether, hese
studies not only elucidat@reviously unprobed fundanmal smaliscale mechanical
behaviors but alstay the groundworlkfor developing a advancedmicro-to-nanoscale
manufacturing platformenablingcomplex systems and functional applicaticueh as
energy storagepiomedical microrobotsnanophotonics, and beygnathich | will briefly
discussn Chapter fas an outlook with a few examples from metal/oxide nanocomposites to

interpenetrated pyrolytic carbon microarchitectures.
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Chapter 1l

BACKGROUND

Why do we care about probing nanoscale properties of materials?

The tend in miniaturizingalmost every modern technology towards the miand
nanoscale has transformed higich industries and fundamentally pushed forward the
frontiers of scientific researclAt these small dimensions, materials exhibit behaviors and
properties distinctly distinguished from their bulk counterparts, unlocking novel
functionalities and applications. For instance, quantum dots revolutionized imaging and
display technologies throtgthe nanoscale siependent, tunable optical propertigs
plasmonics harnesses free electron oscillations at -dietattric interfaces, allowing for
light manipulation beyond the diffraction lin(®); furthermore, micraobotics, nane
fluidics, micraphotonics, nanelectronics, etc. leverage the unique mabled precision,
controllability, tunability, enhanced performance, and complex functionalities in
increasingly compact systems. These advaerogsrare driving progresses in diverse fields,
including targeted drug delivgl), molecular syntheqd), endoscop{p), high
performance computir§§), and more.

Understanding and harnessing the nanoscale properties of materials becomes more critical
than ever before, which creates increasingly stringent demands on the advancement of nano
manufacturing towards smaller scales and greater precision. Figure 1.kepragthnce at

the nanemanufacturing capabilities for functional applications, exemplified by fphtiton
lithography 3D printing (MP3DP) in microptics, nanomechanics, microrobots, catalysis,

and cell mechanobiology with functional feature dimensianging 10s nanometers to 100s

microns.
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Figure 1.1Novel naneto-microscale functional applications enabled by nanoscale advanced
manufacturing. Figures are adapted frém13) with permission. Copyright 201%he
Authors. AIP Publishing LLC Copyright2022 The Authors. Small published by Wiey
VCH GmbH Copyright2023 The Authors. Advanced Functional Materials published by
Wiley-VCH GmbH Copyright 2015 National Academy of Science€opyright 2012
American Chemical Societopyright2023 Optica Publishing Grou@opyright2013 The
Authors. Published by WILEX/CH Verlag GmbH & Co. KGaAweinheim.

Nanomechanical behaviors and properties are pivotal among all material characteristics, as
the mechanical integrity of a structure underpins its functional applicRim@archers have
discovered unique mechanical enhancements in the -anichitectures of a variety of
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materials including polymers, ceramics, metals, pyrolytic carbon, and polymer composites,
as briefly summarized in Figure 1.1b and comprehensively detailed in Figure 1.2.

Polymer

(A) Compressive recoverability

- hol

s

"D

T 0 a5 W s
ment (wm)

\ before

Solid
Polymer

Ceramic
Fracture

(F) Recoverability (G) z
- A

Electromechanical response

07 250 nm
Pyrolytic Carbon

Rubber-like compressive deformability ) Dynamic impact resilience
o 7y

Superior strength

compression

{7 B

800608 010,015 020 025 030
Stuain.

Figure 12 Micro-to-nanoscale mechanical studies enabled by MP3DL advanced
manufacturing. Figures are adapted fr¢i0, 14i 26) with permission Copyright 2015
National Academy of Science€opyright2020 The Authors. Published by WitACH
GmbH Copyright2022 The Authors, some rights reserved; exclusive licensee American
Association for the Advancement of ScienCepyright 2018 American Chemical Society
Copyright 2014 NatinoaAcademy of SciencesCopyright 2020 NatinoaAcademy of
SciencesCopyright2018 WILEY-VCH Verlag GmbH & Co. KGaA, Weinhein€opyright



4

2019 WILEY-VCH Verlag GmbH & Co. KGaA, WeinheinCopyright 2015 Elsevier Ltd.
Copyright 2023 American Chemical Societ@opyright 2019, The Author(s), under
exclusive licence to Springer Nature Limit€bpyright 2022 the Author(s). Published by
PNAS.Copyright 2021, The Author(s), under exclusive licence to Springer Nature Limited
Copyright 2018, The Author(siPublished byspringer Nature

MP3DL uniquely enables bridging complex architectures and Avenanoscale feature
dimensions, paving the way for nanomechanical studies impossible otherwise. At the

nanoscale, theechanical properties and behavior of materials can significantly deviate from

the macroscale due to siven d u c e d mechani cal enhancement .

effect discovered in metal nano/micropillars is manifested in MP@&1ived copper
microlatices whose strength at < 50% relative density past the bulk copper strength at full
density (Figure 1.21). For brittle materials, ceramics (for exampi€sflpyrolytic carbon,
metallic glassestc, which MP3DL can derive with pogirocessing, as theharacteristic
feature dimension of the nano/miexchitecture decreases below the theoretical critical flaw
size of the material, the naaochitecture gains flaw tolerance and improved deformability
before catastrophic failure under mechanical loadt®BDL/ALD-AI>Os thin-shell micre
architectures with ~I@0 nmthick walls and ~0111% ultralow relative density
demonstrate extraordinary recoverability and resilience under cyclic compression for
periodic latticegFigure 1.2A and stochastic geometrigsgure 1.2F). Corshell polymer
ceramic/metal composite nanolattices are studied for flaw sensitivity and strength
recoverability tradeffs (Figure 1.2A, C, and D). Pyrolytic carbon, whose micropillars could
withstand 10 GPa at 40% compressive straigufé 1.2L), when MP3Difabricated into

3D lattices with submicresized features, have presented superior strengths (Figure 1.2M)

and dynamic impact resilience (Figure 1.2N).

Despite the remarkable discoveries in hanomechanical behaviors, fabrication has largely
been codrained to micrearchitectures. In many cases, achieving nanoscale dimensions
relies on secondary templating treatments such as atomic layer deposition (ALD) and
sputtering. These technical limitations hinder the fabrication of-haotlow, non

carbonaceoustructures with submicron periodicity, which truly defines a rancbitecture.
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Not ably, the intriguing fismaller is strong
and harnessed until such naamchitectures can be experimentally fabricated.

Conventionally, nanomechanical studies of metals have been realized with subtractive
manufacturing, usually via focus@sh-beam (FIB) milling from a bulk stock material,
which may contain different microstructurescluding singlecrystalline, nanocrystalline,
nanotwinned, and nanoporous microstructures, each subject to their respective conventional
manufacturing methods of thermal annealing, (pulsed) electrodeposition, and
electrochemical dalloying. As outlined inlgure 1.3a fis mal | e r latiorshigs t r on g e
often referred to as the extrinsic size effeis discovered in singlerystalline nanopillars

of fcc metals, as explained by dislocat®urfaceinteractionmediated plasticity
mechanisms including dislocation starvation and nucleation and source truncation hardening;
while nanocrystalline and nanotwinned metals exhibit theregome HalPetch (HP)

relatiord or to be understood as an intrinsic size effextplained by dislocation pHep at

grain boundaries in the classicalRHregime and graiboundary motions (rotation, sliding,
annihilation, etc.) in the nanocrystalline inversé’Hegime. Besides, a hanoporous metal
resembles an assembly of singlgstalline nandigaments, thus sharing similar surface
dislocation nucleation and multiplitan-mediated deformation mechanisms and benefit

from the extrinsic size effect dictated by the nrigament dimension.

C Nanotwinned

e

D Nanoporous

\r

£, mm

Figure 1.3Nanomechanical discoveries in fcc metals. Figures are adapte(2ffiodd) with

permission Copyright 2007 Springer Nature LimitecCopyright 2011 Elsevier Ltd.
Copyright 2016Taylor & Francis Copyright 2019, The Author(sPublished bySpringer
Nature Copyright 2014, The Author(sPublished by Springer Natur€opyright 2006
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American Chemical Societfopyright 2006 WILEYVCH Verlag GmbH & Co. KGaA,
Weinheim Copyright 200Rmerican Association for the Advancement of Science.

It is important to note that despite the extensive nanopillar studies of fcc metals, conventional
experimental methodologies heavily rely on FIB preparation with Ga ions, the bombarding
and embedding effects of often compromises the pristine nature rdribenetal samples,
potentially introducing artifacts such as altered dislocation density distributions. These
effects could contribute to discrepancies between experimental conditions and results and
computational/theoretical assumptions and predictiitsrnatively, nanecrystal or nane

wire growth offer a damagfeee approach but are highly restricted in terms of achievable
microstructures, which are typically limited to singlgstalline forms.

Advanced manufacturing, particularl wpaddit.
experimental opportunities by transforming traditional fabrication approaches. Metal AM is
revolutionizing the conventional strategies such as subtractive manufagtign milling,

lathing), molding, and forging, while enabling unprecedented 3D freeform capabilities.
Figure 1.4 highlights advancements in metal AM across length scales: from macroseale wire
based rapid plasma deposition of titanium (Figure 1.4A), &sascale powddrased

electron beam melting of titanium alloys (Figure 1.4B), to-tedlsundredsof-micronsscale

selective laser sintering of silver (Figure 1.4C), and to simibeon-scale lasenssisted

direct ink writing (DIW) of silver (Figure 1.4D)

Figure 14 Metal additive manufacturing from maenm microscale. Figures are adapted
from (35 38) with permissionCopyright 2009 Elsevier LtCopyright 2019, The Author(s)
Published by Springer Nature. Copyright 2016 Natidwademy of Sciences
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However, these methodseyet to approach the submicrsnale resolutions due to two
major obstacles to further resolution refinement: (1) the finite size of metal precursors (from
macrewire to micrepowder to nanoparticlmaded ink) and (2) the limited focusing
strength of engly sources (laser or electron beam) and the size of DIW nozzles. Overcoming
these challenges will require innovative developments in-naamaufacturing of metals,
specifically towards continued miniaturization of the precursor form and the energy

depositien mechanism, which this work will explore in detalil.

Granted, it is worth mentioning emerging nananufacturing strategies that have shown
preliminary success in fabricating truly nanosized metal parts. These methods are commonly
field-assisted, such as electrohydrodynamic redox 3D printing, electrohydroityimkjet
printing, and meniscus confined electrodeposition, as shown Figure 1.5A, B, and C,
respectively. These methods are promising but may be limited in throughput or materials
choices, which the present work aims at addressing throughpolyaterzationbased,

field-free nanemanufacturing solution.

Cu-Ag

o i (A

500 nm

Figure 15 Emerging fieldassisted nano AM approaches. Figures are adapted38p#il)
with permissionCopyright 2019, Théuthor(s) Published by Springer Natut@opyright
2012 American Chemical Societ¢opyright2021The Authors. Electrochemical Science
Advances published by WilgyVCH GmbH.

Two experimental methods are fundamental to the present workobmgfundamental
mechanicalbehaviors ofmaterials enabled by advanced nanmanufacturing and will
frequently make presence in the following Chaptégs 21) electron microscopy and ()

situnanomechanical characterization.
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Scanning electron microscopy (SEM)SEM is one of the most versatile instruments for
material surface examination and analysis of microstructural morphology and chemical
compositions at a superior resolution up to 144hEvery SEM comprises an electron gun

at the top of the electron column, which produces electrons and aastheat to an energy

level of 0.530 keV, a series of electromagnetic lensesapettures through the column,
which focugsand define a highly focused electron spot under scanning motion on the
specimen in the higllacuum chamber underneath the column. The primary electrons (PE)
from the electron column interact with the specimen in multiple ways and create multiple
types of signals fodetection. lllustrated in Figure 1.6& are the three primary interaction
types of (A) inelastic collision, where le@anergy secondary electrons (SE) are created, (B)
elastic interaction, where PE dransformed into backscatter electrons (BSE) preserving
most of their energy, and (C) characteristizay emission, induced when an ouséell
electron fills an inneshell vacancy created by inelastic collision of PE and emission of SE.
Figure 1.6D shas how SE, BSE, and characteristigay signals are collected by various
detectors differently located in the highcuum specimen chamber. While SE primarily
yields topographical contrast, BSE provides significant atomic number contrast due to the
elastt electrornucleus interaction nature of the backscatter event, and the characteristic X
ray distinguishes the elemental composition based on the elspesmitic energy of the

electron shells.



_ A B C
Primary
Electron (PE) Secondary
(Voltage = Eee,,;) .Electron (SE) Backscatter PE
e.g. if V=30 KV, (Energy, E < 50 eV) PE .Electron (BSE) Characteristic X-ray
Beeag=30 keV/ (E = 50-100% of A (01<E<30keV,
PE Energy) _ characteristic of
inelastic <:\< electron transition
. ~elastic = energy)
collision . . >
interaction
Cont T hical Contrast: Elemental
& Zom,,:;q wma;;? Contrast: Atomic # (aka Z) SE Compossion
D EDS, WDS
(X-ray)

line of sight

ETD = Everhart-Thornley detector
TLD = through-the-lend detector

BSED = backscatter electron detector

Specimen Surface

EDS = energy dispersive spectroscopy
WDS = wavelength dispersive spectroscopy

Figure 1.6 Schematics of electron interactions and signals in SEM. Figures are adapted from
the presentation of Dr. Matthew Hunt at Kavli Nanoscience Institute at Caltech. Copyright
2019 Matthew Hunt.

Transmission electron microscopy (TEM).TEM is a more sophisticated instrument
compared to SEM. TEM comprises more electromagnetic lenses and apertures, which enable
more operation modes for diffraction and imaging. While TEM has significantly more
stringent requirement for vacuum conditionsbration isolation, sample quality, and
thickness (< 100 nm), it achieves extremely high spatial resolution b2 A At electron
accelerating voltages of 1€BD0 kV(43) Figure 1.7AB shows the beam diagram of TEM
under diffraction mode and imaging mode, respectively, differed by the focusing strengths
of the intermediate lens. In the diffraction mode, insertion of a selactediffraction

(SAD) aperture could allow for diffractigmattern acquisition of selected specimen area; in
imaging mode, insertion of an objective aperture on the back focal plane could lead o bright
field (BF; aperture on the transmitted beam) or dielkl (DF; aperture on a diffraction spot)
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mode imaging, enhancing the imaging contrast from crystallographic orientation difference
and lattice defects (dislocations, stacking faults, etc.).

B C

: Optical axis

Electron beam

Objective

lens
Objective aperture
(back focal plane)
(diffraction pattern)

A Electron source

Aperture

u“ Probe-forming lens

_a EDS detector

STEM
images

Intermediate
image 1

<=Strength gy,
change

l — BN SAD aperture IS

Intermediate
lens

Intermediate
diffraction
pattern

Intermediate
image 2 « 2 T
Projector TR DF-STEM detector

lens
Fixed BF-STEM (EELS) detector
strength : ETevgy selecting slit " "
www.globalsino.com/EM/ I
Final
Screen image Y Energy Spectrum
+ —

Diffraction

pattern ., EELS Spectrometer

f Output

Figure 1.7Schematics of TEM in (A) diffraction mode, (B) imaging mode, and (C) scanning
mode. Figures are adapted fr@dal, 45) with permission Copyright 2006Yougui Liao.
Copyright 2021 Elsevier Inc.

TEM may have the specialized function as a scanning transmission electron microscope
(STEM) by incorporating a set of deflection scan coils (pifobeing lens in Figure 1.7C)

and focusing the electron beam to an extremely fine spot. The spatial resol@idaNfis
reported to be as high as 40.5 pm using 300 kV STEM equipped witlrifén aberration
correcto(46). As shown in Figure 1.7C, STEM mode involves a series of specialized
detectors: BFSTEM detector located in the path of the transmitted electron, la@semnular
DF-STEM detector to collect the (Bragg) scattered electanmda highangle annular dark

field (HAADF) detector to collect very higangle, incoherently (Rutherfoiike) scattered
electrons, suited for-£ontrast imaging. The placement of these detectors may be understood
in the context of various types of interacsobetween an electron andhin sample, as
illustrated in Figure 1.8. As in SEM, the characteristia}{ allows for energy dispersive X

ray spectroscopy (EDS) in STEM, but STEM additionally enables electron energy loss
spectroscopy (EELS) with the use of an EELS spectrometerstiogsof energy selecting

slits downstream of the BETEM detector which collects transmitted electrons and analyze
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the energy loss of those who are inelastically scattered (Figurie re@®) to unveil the
elementspecific cordoss finest r uct ur es containing i nsight

el ement 6s) el ectron structure, bonding, anc

Back scattered
/Reflection

/ Inelastic scattering
I
.

Transmission

I

Low angle
scattering

High angle

wmﬁg

Sample

Figure 1.8 Electron scattering by a thin sample. The figure is adapted @@nwith
permission Copyright2017 Springer Science+Business Media New York

In situ nanomechanicsSEM-basedn situ nanomechanical characterization is a powerful
method to measure the mechanical response (force and displacement) and simultaneously
observe the deformation behavior of a specimen under different modes and setups including
tension, compression, shear, ftae, and nanoindentation. These capabilities are commonly
realized by the modular nanomechanical testing system, as shown in Figure 1.9. With a
highly compact design, it can be directly mounted into an SEM chamber. The two primary
components of the nanost@nical module are the indenter head and the sample stage. The
indenter head has adjustable indenter tip geometries, including Berkovich tip for
nanoindentation, flat punch for compression, mgrnps for tension, and so on and is
confined to only axiainotion, i.e., extension and retraction. The sample stage, on the other
hand, holds the sample substrate perpendicular to the axial direction and is confined to lateral
motion for specimen locating purposes. In typical systems, force and displacement are
exerted or measured only in the axial direction through functions of the indenter head. The
mainstream nanomechanical systems have two distinct control mechanisms (Figure 1.9):

(1) the more traditional loadontrol mechanism is usually realized with a transducer

where the force is applied through a voltage signal, the displacement is measured from
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capacitance change, and displacement rate is controlled by adjusting loads through a
feedback loop; it thus suffers from instability and artificial displacement bursts

(2) the emerging true displacement control is achieved by piezoeldthen
mechanism, and the force is measured with a-fiifimess, inseries singlerystalline Si
MEMS force sensor. It fundamentally precludes instability and avoids thei@rsignature
of the transducespringcomplianceinduced displacement burst in leadntrolled systems.

|e7
i sample
indente IS amp L. .
: Head [l Stagd Intrinsically load-controlled instrument

= (transducer) with feedback loop

Intrinsically displacement-controlled
instrument (piezo-scanner)

'ldeal displacement-controlled

Displacement

Figure 1.9 Schematic of SEMbasedn situnanomechanical setup and comparison between
stressstrain relationships measured by intrinsically displaceroentrolled vs. load
controlled instruments.

The combination of electron microscopy techniques, including SEM and TEMiyvgitu
nanomechanical characterization provides a powerful platform-figpth investigation of

the microstructural and mechanical properties of a wide spectrum of materials, including
metals, carbonaceous materials, ceramcis, composites, and even orgahtbécatomic to
microscale. Fascinating research studies based around these experimental methods will be
presented in the next chapters of this work.
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Chapter 2

DEFORMATI ON CHARACTERI-STATCES BOHEN ZSEONH I
AS A STEP TOWARDS UNDERSTANDI NG PLAN

2.1 Overview

Small organic molecules, like ethane and benzene, are ubiquitous in the atmosphere and
surface of Saturnds | argest moon Titan, f o
features. Understanding Titands dyssiamsni c ge
requires sufficient knowledge of the mechanical characteristics of thesatatdéicbrganic

minerals, which is currently lacking. To understand the deformation and mechanical
properties of a representative solid organic material at spboeant émperatures, we freeze

liquid microdr opl et s of b e n ztallnsimgledrystalliieopyramids-dn® € m
uniaxially compress thenn situ These micromechanical experiments reveal contact
pressures decaying f r o#eduetidn in pyramidoheight. T a a f t
deformation occurs via a series of stochasti¢ $851m) displacement bursts, corresponding

to densification and stiffening of the compressed material during cyclic loading to
progressively higher loads. Molecular dynamics simulatiomsalepredominantly plastic
deformation and densified region formation by thenientation and interplanar shear of

benzene rings, providing a tvgep stiffening mechanism. This work demonstrates the
feasibility of in situ cryogenic nanomechanical characterization of solid organics as a

pathway to gain insights into the geophysics of planetary bodies.

2.2 Introduction

Simple organic moleculése.g., ethan@?7) and benzer(d8)d exist in gas and liquid
phases in Earthds at mosphere and surface.

on another planetary body in the solar system, Titan, the largest moon of{&aturhe
CassiniHuygens missiod two spacecrafts, one for orbiting Saturn, the other for landing
onTitadhas revealed that Tit arichbagnodgphere enalden i t r o ¢
dynamic weathey precipitation, and surface liquids. Many aeolian, pluvial, and fluvial

geol ogi cal processes, similar to Earthos,
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canyons, lakes, and duitg@). At the averagéemperature of 9 4 K, Titands Ah
and landforms consist not of liquid water and silicates, but predominantly liquid methane
and a mixture of water ice and solid organics that originated through complex

photochemical processes in the upper atmosfbBre

Equi pped with the instruments including t|
( RADAR) and Visual and I nfrared-HMymmeinrsg S
mapped the surface morphology of Tit-an, wh
based observation of the surface. Ti tands
mul ta @rhpponent s, i ncluding 14% of hummocky/

ol dest on Titan, and 17% @G254durded rahmiedh sar
analBbpaingd microwa@®®@r ewvwalalomehe ydosedsot oobgar
materials. Li mifteedmulaatai bmasotl emult ©i pl e ¢ o0 mg
the fundamental mineral ogy and geol(®gy of

58), et and fA)evioasli o6l),a nkda rys@2) danmat i on, to p
cryovol can®3 pramgesdsiessti ngui shing mechani s
dictated by the | argely unexplored fundamer

mi ner al s.

Phot ochemical model s have predictedédt he f o
and through <chemical trans(@5r nmitnigolne fcrroyns t
benzene (asrweltlalasg49i ttahc eetbOhnaisier d | €80,e t eytl ce.n)e
has been proposed as a potenti al go)o xy ca
Various solid benzene derivatives have dem
exampl-eimi tewome crystalline hexachl orobenze
a local radius of curvature comgampaltl ¢ ntt @ gt

presumably enabled by ani s@)tr Exiicstsummgr asmailc
solid benzene include hi a897lpr ehgsgehs s s 6| hd g
temperature equati of@ arfd spghhase cHMBrqr ami
superconductivity of sol i d74,bemnsd enrdes s euwdn d e

amor ph(/g,atainodn pol ymeri zati on of(76p e Hoevreesr eirnt
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the basic mechanical properties and defor
mol ecul ar proxies) in the solid state and
guestions and hinder further understanding
Titan andolog¢gbeemcbodi es.

Il n this work, w-d r 6 poefe zlee nl zi egnugd yir Aimocd i, c pPp@ r f
uni axi al caompridausi ccmrroborate with mol ecu
unveiling that crystalline benzene plasti
collective reorientation, and gliding acco
the signigsicmywegeemifc nanomechanical charac
towards insights on planetary geophysical
2.3 Methods

2.3 nlHanhamechanical Experi ments

The compression experi meni ®ssi w®ne mepcehrafnoircna
i nst (7dhmewhi ch (i) enables applying mechani
all ows simultaneously <collecting meahani ca
scanning el ecsSeeEMnamdc¢ioscppetufcti ons at a

schematic of tuhpes eixsp esthiromdan2Didmai Fsigggtt he exper i

sample holder (Ted Pella standard pin moun
with a copper cooling line (40 K tol 4d0 K c
by liquid nitrogen in an SEM chamber (Quant

is evacUOmbad) (an® equipped with a nadhomech
from Nanomechanics 20n0c .n;N;f odricsep | naoddesniee nfitinonoor i
Aftecopkrieng the sample holder, >plue geldamghew ¢
bag (oxygen | evels belowEZ)%DrmJe)astucrerdi iy miazne
condensation onto the cool ed coemmoemesn t(sS.i gS
Al drich 99. 8%) were dropped onto the sampl e
a visibly sufficient amount of Dbenzene was

cl osedevaancdu aateed. The stageeasmgefandbmrelf$pkK
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during the short window when the chamber d
decreased after t heecquialmbberratwead fcdros-ead haowr

Electron gun

Transducer

Indenter tip

-~
—p

! F o o~
c r Pyramidal”
,('_(: “Benzene
= mg:rgc[ystals

environment

Electron gun

Indenter tip

Nanoindenter
flat punch

¢ LN, Dewar Transfer line  SEM column

Benzene
pyramid

Glove bag Oxygen monitor Indenter arm

Figure 2.1Schematics of byogenicin situ nanomechanical experiment(a) Schematic of

in situ freezing of benzene dropleb)(Schematic of the cryogenie situ nanomechanical
compression of benzene solid) Picture of then situ SEM nanomechanics instrument,
attached to the glove bag and connected to the liquid nitrogen cryogenic cooling system. (
and e) SEM images of massive pyramidal benzene crystals and oneizoloemzene
pyramid with the nanomechanical indenter flat punch above (background is shaded, and the
indenter and the crystallite are outlined for eye guide).
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The sampdenmwead with SEM to idemmiefry ceoypetl gl
towards the indenter; then, the corner orie
mi sal i(ghimpwmrte Cd2.mpdadessions of individual cub
performed -wi ameter7-pg0Dmmbn d n(BFeE agtuerre TtRiopl e y c | |
|l oading profiles were employed: repeated
smerel oad tests) and successi Vveadeso n(prreefsesriroends
hi ghelroad, testisl)l ustr @& e dl hien eslaamgd r e X 2e RiAme n
conducted at temperaturesrofod®30B8&s Natd. DY
K, while the temperature. eThectonstdnscluecaed
41 or up ONM gnaxi mals ImNadd hef d@ta collectio
results ar dppemmdanxi Ae&Fi gnNeseAt haantdthA. Boi s
data primaril yqueisufNtiexd damdmevapeorlati on i n

one of the ports on the SEM chamber.

A Same-Reload B Higher-Reload
maximum load maximum load

Load
Load

3
= &
-8

Time Time

Figur®&he .-2iome o foifl elsenz ene mi cr ofcorAy s(tme | com
rel oadB)lmamdresh d st est

Calculation of contactpressure.The pyramidal sample geometry lends itself to the
calculation of contact pressure, as representation of the compressive stress. Contact pressure
PcontactiS defined as the ratio between the4teak loadF and the instantaneous contact area
Acontactbetween the indenter tip and the sample, or
Pcont=R/Aconta€g. 2.1
For an ideahecubpgrdmidal gRometry, at disp
Acont= 8% 2eq. 2.2
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Given mini mal bul ging was obsersvie liawr SHENM S
section assumption is valid. For the real
of the crystal i's taken into account. The

Acont:acst{gH'FU)Z/Z eq. 2. 3
Wi tih B&h based on specific SEM observation.
Pcont=a 2 %’(H+ﬁ)2] eq. 2. 4

2.3.2 Microstructturaen sAmiaslsyisoins evlieac tcrroyno mi cr
Addi ti onal solid benzene sample was- prepa
trami ssion el a€EtMbypnf mi st obcopyi g 3 OL of

carbon TEM grid atl5aabl a0 ACréersé®t Bi sgiaf ;
and then plunging it into |l iquid nitrogen.
transfer Ttaol otsheArTcEM c(a, Ther moFi sher Scient
field emission gun operatingreadt 2d€l0e ktVr am dd
A O selected area diffraction (SAD) apert

i ndividual <crystal during diffraction patte

2.3.3 Atomistic Simulations

We carried out a series of largeale atomistic simulations to emulate theiaxial
compression of solid benzene corner using LAMNMBE In all simulations a reactive
potential for hydrocarbons with intermolecular interactions, also called AIREBO
potentia(79), was used to describe both the intramolecular and intermolecular interactions.
Sucha force field can both describe the covalent bonding interactions and the torsion,
dispersion, and nonbonded repulsiateractions via an adaptive treatment, which enables it
to capture the chemical reactions, etlge breakage and formation of the cargarbon
bonds, in the hydrocarbon system. The corner sample was extracted by cutting a triangular
pyramid shape from a bulk solid benzene with the crystalline phas€l&tica parameters

of 7.644 A, 9.514 A, and 6.720 A), approximately consistent wittexiperimentaphase
characterization. The heights of the corner samples were determined as 10 nma20 nm

30 nm separately, further to perform uniaxial deformation simulations. We selected three



19

loading directions: [010], [110], and [011], whicheke perpendicular to the base of the
triangular pyramid. The orientation thfelateral faces was shown fiigure 2.3

[010] [011] [110]

Figure 2.3 Benzene molecule orientations for MD simulationsShown are théenzene
molecule orientatiomin the lateral face of the pyramidal sample for simulations under
different loading directions.

At the bottom of the sample, the section of-tereh height was fully fixed; otherwise, the
upper section was deformable. The corner sample was relaxed at 10 K for 200 ps under a
canonical (NVT) emamble. During deformation process, a rigid indenter was used to
compress and release the corner sample at a loading rafes3xto 40% of the total

height. The tempeture effect on the deformation process was also investigated. The
temperature during the simulations was fixed at 10 K, 20 K, and 30 Kasglgdo repeat all

the simulations with samples of different heights and different loading directions described
above. During the simulations, the force exerted on the indenter in the loading direction was
outputted as the external force exerted on tleadlvsample so that the lodisplacement

curve for the simulation can be obtained. Subsequently, we used OVITO software to post
process the simulation res@8). We transferred the loatisplacement curves to the
contact pressurenormalized displacement curves for convenient comparisons between
simulation cases on different sample sizes. The contact area was determined by making a
surface mesh from the full atomic models with the OVITO package. The contact pressure
was catulated as the load divided by the contact area; the normalized displacement was
calculated as the displacement divided by the initial height of the triangular pyramid. The
shear strain asalso calculated in OVITO for further coloring the at¢&i3.
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Calculation of Radial Distribution Functions from MD result8Based on observations, we
isolated the molecules of the densification regions by selecting the atoms in OVITO that
satsfy nonaffine square displacementl80 and shear strainGs5 with cu-off radius of 10

A (example given in Figure 2.4And then theadial distribution functionRDF) of C-C

pairs was calculated in OVITO, setting the-offtof 15 A, and # curves are normalized by

the height of the first peak.

Non-affine square displacement >100 & shear strain 20.5

Non-affine square displacement <100

Figure 2.4 Deformation region cutoff criteria in MD. Selection of the dwification
region using parameters of naffine square displacementl®0 andshear strain €.5 set
in software OVITO.

Calculation of Density Distributions from MD resultdVe used the following method to
plot the density distribution: we calculated the coordination number (Ct8rlbbn atoms
around one&arbon atom within a cuaff of 8 A and calculate the density of this position by

the equation:

———  eq.25

Wheremis the atomic mass constant, whiclp@® ¢ p 1T kg, Ris the cutoff radius. By
substituting the initial lattice constants of the solid benzene for MD simulations, we can

calculate the initial density of the sample as:
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" — p81UL WEAI eg. 2.6

which is consistent witthe initial density distribution in MD videos (Movies2P2.4).

2.4 Results

2.4.1 Mechanical responsei mfc obtepnr zeesnsee ommi ¢ r 0
We performetlamechanical experi ment sstaaitde at o
benzenermisc¢rad s, as the representatstvaet esol i
sampl es, |l iquid benzene droplets were firs

studbum ed on a-cloiod weidd cmiytorgeger sampl e stag
mi croscope (SEM) chamhbdar nwaintohmerc haa nd wsatlom n s
t o a rmiutrrgeegtb egd a(wkeiay . The chamber was then
andmmpad ttmbad0 while t hefrdozoepn edrs ovemteadtl a
held at ~125 K t e afldr nc unbuolitdirpelyie® a~tilbdd s@ni & & mp
stage was then t-pytenoi 9 Bdbibbe amenablce ot o
with initial contact at the apeux,eadafbar mi r
Mov RE) . The pyramidal shape of t43¢ abdnanredne
geometry for mechanecgalVaind®dglstr ewreeen trdse S i a T e |
or control the geometry as it was formed
cryogenic stage; stil I, we need al ways ke

di spl acement cluowvwesxtamact iheg walye modul us a

Monotonic and cyclicain situ quaststatic micrecompressions on the individual benzene
pyramids were performed at a constant loading rate ~50tah\~425 145 K. We prescribed

two distinct fourstep loading schedules to each sampldo&gling to a maximum load of
~1.0'1.2 mN, unloading to ~10% of the maximum load, followed by reloading to ~90% the
maximum load for three cycl¢Bigure 2.5band (ii) loading to an initial load ~25% the same
maximum load, unloading, and reloading to ~50%, 75%, and 100% of the maximum load in

the three subsequent cyc{&sgure 2.5c).
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Figure 2.5 In situ nanomechanical experiment on benzene microcrystalga) SEM
images of the same microcrystal pre/pominpression (the crystallite is outlined for eye
guide). b andc) Load/contacpressure vs. displacement curves of shmereload and

higherreload tests.d) Displacement bursts duringhagherreload test.

Figure 25a shows that the compressed pyramid was flattened from the apex, consistent with

amaxi mum di spl acement

of ~1 &m, Wi

t h

no

deformation front. The flattened top layer appears brighter in the SEM seceatelztron

contrast, which is consistent with a localized densificatype of deformatiorbserved in

openpore foamg32). Figures 25b and2.5c contain two representative load/contact pressure

versus displacement datasaimereload anchigherreload tests, where contact pressure is

calculated by dividing the applied load by the contact dfigawre 25b demonstratethat

during the initial compression on pristine benzene irstineereload testthe compressive

obs

load increased linearly with displacement, and most of the deformation was permanent, with

marginal elastic recovery (~15%) after unloading. The deformation behavioe three

subsequent cyclewas consistent, exhibiting a common stiffness during reloading and
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unloading, which suggests that the sequent deformation within the historical maximum was
highly repeatable and predominantly elastic in both loading and unloading direthens.
contact pressumgeaked at ~2 GPa after establishing incipient contact and then monotonically
decayed to ~0i4.6 GPa at ~100Am displacememith the continuously increasing contact

area of the pyramid.

Another characteristic of thesamereload experiments is the presence of ubiquitous,
stochastically distributed,i30 nm displacement bursts, marked by arrows over the first
loading cycle in Figre 2.5b. Despite the noises from cryogenic system vibrations, the
displacement bursts could be distinguished through multiple thresholds for the displacement
increment between adjacent data points collected at 100h ldantrast, the displacement

bursts are absent in the secdadrth reloading cycles in theamereloadtest, where the
deformation was mainly elastic with negligible hysteresis over a ~85% lower displacement
than that in the first cycle. These observations indicate that the permanent densification
induced microstructural deformation occurs nearly entelyng the first cycle, with the
deformation in subsequent loading cycles restricted to the previously densified region.
Stochastic displacement bursts have indeed been widely observed in nanomechanical studies
of metal, especially in singlerystalline metallic nangillar compression experiments,
where displacement bursts correspond to dislocation avaldin¢h@&si 85). Postmortem
observations always show wedisolved slip lines on the pillar surfécas direct evidence

to the deformation mechanism of crystallographic slip via dislocation avalanches.
Differently, we did not observe any slip lines in the deformed solid benzene pyramids;
instead, the pyramidsod top thasidedopearemmameded i n
mostly unchanged throughout (Big 2.5 and Movie2.1), suggesting densification that is
distinct from the volumgreserving dislocation plastiy in metallic systemsas illustrated

in Figure 2.6

Our experiments can be viewed as a reversed classical indentation contact problem where a
flat, stiff indenter tip is used to compress the compliant and deformable benzene pyramids.
In the mechanical model for indentation, a parameter called reduced sy@lula used to

describe the stiffness contribution from both bodies through
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— — — eq.27

wheresandEr epr esent Poi ssonds ratio and Young?os
t wo bodies. The expression i s symmétigi c wi:
insensitive to which body is more compliant and that classical nanoindentation theories are
appliable to our reversed scen@8i®). The elastic indentation mechanics theory predicts
nonlinear loaetlisplacement relatigB6), while the plasticity events (e.g., the successive

discrete displacement excursions, indicated by thammpr displacement bursts) interrupt

the nonlinear elastic solution and may explain the IHikarload-displacement relation in

the SameReload tet. Similar linear loading curve were widely observed in single crystalline

nanoindentation tests in metals and small mole(gifes1).

“Same-reload”

Pristine First loading cycle Subsequent loading cycles
PR l___-______-_'_'_'.‘_'_E'_'_'_'_'_::Z:::Z::IZI:EI:::Z:::Z:ZI:I:!ZZ:Z:::?
Primarily (85%) plastic loading Elastic reloading and unloading
Lots of displacement bursts Lacking displacement bursts
Densification of pristine benzene Recompression of densified region

“Higher-reload”

Pristine First loading cycle Subsequent loading cycle
‘ _______________________ AT TTLTIIITIITTIITIIICIE ¥ oo - mm——--
Below historical load Above historical load
Few displacement bursts More displacement bursts

Transition from re-compression of densified region to continued densification into pristine benzene

Figure 2.6 Schematic opyramidal benzene microcrystal densification mechanisms.

As for thehigherreload tests, we adopt the nomenclature from soil mechanics, where the
preconsolidation (i.e., the historical maximum) stress dictates the transitioprieoeding
(elastic) to virgin (plastic) consolidation (i.e., removal of pore vol@@®) The benzene
pyramids experienced such tangent stiffness enhancement duringhighehreload
reloading cycleKigures 2.5 and 2.7 that the elastic compression from each previous cycle

transitions to the onset of plasticity with further loading, and compression then progresses
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into the deeper, undeformed layers of benZEigre 2.6) This transition is also evident in

the scarcity of displacement bursts during preceding elastic compression and their emergence
during further virgin compression (kiges2.5d and2.8). We observed systematic stiffening

in each consecutive loading of the virgin material duhigherreload cycles, with the
average stiffness progressively increasing by halftioing, andoneeighth of the previous

value, respectively. The increasing stiffness per éyabelicating overall nonlinear load
displacement relati@nis consistent with the elastic response of the densified region from
preceding loading cyclesA similar stiffening phenomenon was observed during

nanoindentation of hexachlorobenzene cryi8)s

Cal cul ation of Loadbompr 8sbf bmelseadHoB>h @& r igima

For the first | oading cycl es, due to the |
taken adithedbes$npheeroefast htenel irned oadi-ng cyoc
compression is considered as the || oading
surpassed the historical maxi mum to unl oad

t he fhestted sl ope oft tthhe d&iegprteendlk meNsott sef it shmi |
in calculating the |l oading stiffnesses, \
underestimate t-bersti prné&ssgaerbebBeépee

Identification of Displacement Bursts for the Loading Segments in Higheload
Experiments.Based on the current loading rate, data acquisition frequency, and cryogenic
systemds vibration magnitude, the criterie
simplify notation, total cumulative displacement is called and the incremental
displacement per data point is caltgd
(@) p>10=0.7 nm, i.e., approximately twice medigo{median instead of mean is
considered because median is less sensitive to cryogenic vibrations) as well as the
unit cell size of benzene;
(b) the meanpfrom the adjacent five data points should be greatenif3an
(c) for all data points identified by criteria a & b, the last identified point should be
separated by no more than one data point from the current identified point;
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(d) h at the current data point identified by criteria a, b, & ¢ should be greatdr than

at the last data point identified by criterion a, b, & c;

(e) the meai of the adjacent seven data points is less than the meitine next

seven data points.
The criteria be partially serves for removing false idi¢ication caused by vibration. Still,
very occasionally the criteria falsely identified artificial displacement bursts or omits likely
real displacement bursts satisfying criteria a & b, in which case the relevant data points were

visually examined and maally removed/reselected. The results are shown ur€ig.8.
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Figure 2.7Identification of virgincompression stiffness forgherreloadexperiments(A)
fitting results for individual datasetd3) comparison of thatiffening effect over loading
cycles. Error bars represent the standard deviation of each measurement.
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Figure 2.8Identification of displacement bursts (red) fiigherreload experiments.

Estimation of the Longitudinal Modulus of the Densified Regioiwe estimated the
longitudinal modulus of the densified region along the axial compression direction from the
unloading segment of the loaisplacement data and the posirtem SEM images:

E =kH(17 Dp/H)/A = ckH2.6h eq. 2.8
whereDy is the plastic displacemetti,is total deformed heighk,is the unloading stiffness,
Alis the crossectional area calculated at distahdem the initial apex location, and

c=11 Dp/H eq.2.9

represents the densification ratio. Assuming linear elastic unloading and approximating
crosssectional area of the compressed pyramid as a constant (in reality, it had a slight
variation over the height due to the small taper of the digles estimated as ~0.1.8 GPa
for c~ 0.4+ 0.04 Figure 2.9.
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Figure 2.9 Estimation of the longitudinal modulus of densified regi@): ExtractingDpi,
H, k, andc from compression data (inset: posbrtem SEM image defining the dimensions);
(B) Bounds of modulus as a function of densification ratio.

Influence of Temperature on the Mechanical Propertiess applied in a previous roem
temperature nanoindentation study of a selection of candidate Titan mifjerals he Y oun g ¢
modulus E scales as a function of temperafias

E(T) e Eo(17 T/2Tm) eq. 2.10
whereEgi s t he Youngo6s Thmis theunelting temperatre. Applying thisl
relation to the benzene crystallites in this work, whose melting temperature is 273)7 K
we find thate(94 K)e 1.07E(123.39K)e 1.12E( 144 . 40 K) . Thi s i mpl i e
modul us at Titanbés surface temperature i s
The agreement should hold for the longitudinal modulus, as well because it is linearly related
to the Youngo0 sageowmalrio faatosindependentuofjtémperature. Yu et al.
also suggested the empirical relation between hartthass d Y o u n g Bthrougitoad u |l u s
powerlaw scaling, with a closto-unity power coefficien{b8), further suggesting that the
hardness as well as the strength have similarly weak tempedappeadence and validates

our measurements.

2.42 Crystallinity of the cryogenically formed solid-state benzene
The microstructure of solid benzene was characterized usingtrangmission electron

microscopy (cryel EM) on similar droplets solidified directly on the lacey carbon TEM grid.
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Due to the lower volume of liquid benzene needed in comparisonitoghie SEM sample
preparation, the TEM sample contained smaller solid benzene particles. Nevertheless, the
SEM and TEM samples shared comparable cryogenic temperature profiles, which is
important in guaranteeing consistency in phase formation. Selected araetidiif(SAD)

was performed for a single grain solidified on the TEM gridyféd.10a Using the lattice
parameters of benzerez= 7.384 A b= 9.416 A, anct = 6.757 A3, thediffraction spots

(Figure 2.10a, inset) were indexed as (100), (021), and (121) with >97.5% match for the
[01¢] zone axis.The findings suggest that the benzene pyramids are composed of single
crystals, with the orthorhombic Pbca structure, identified as the only equilibrium crystalline
phase of benzene under present SEM and TEM conditioms, ~77145 K in vacuum

(Figure 2.10b. It is notable that under the Pbca phase, each of the four benzene rings per unit
cell (three at face centers and one at the corner) takes a dissimilar orientation, as indicated by
the four colors in the inset of Figure 2.10b.

[012] Zone Axis

100 _121

A 021

Figure 2.10Microstructural and phase characterization.(a) Cryo-TEM brightfield (BF)
image of tens of benzene crystallites; inset: SAD determining the crystal strua}urbe (
atomicmodelof oneunit cell of Pbcgphase solid benzenaset showing the foutifferently
oriented benzene rings per unit cell.

2.4 3 Atomistic densification mechanism of soliestate benzene

We employed largscale molecular dynamics (MD) simulations to investigate the
molecularlevel origin and mechanism of tteolidbenzeneébés pl astic de
stiffening behavior@8). The simulated samples consisted of periodically stacked Pbca

phase benzene crystals, consistent with the experimental characterization.2Fidare

shows the deformable region of the simulated pyramidal sample, with a Heiglrich

resides on a fully clamped bottom layer. FigBrélbcontains the load vs. displacement
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response of three samples with different heights, 10, 20, and 30 nm under fixed [010]
loading direction and & temperature (Movie2.21 24). This plot demonstrates that the

initial load-displacement response, up to a displacement of ~4 nm, is-likeeaand
approximately identical for all samples, consistent with the experimental observations. All
samples exhibit subsequent stiffening, ethcommences at lower displacemefisas the

sample height increases. FigtdIc conveys the contact pressucalculated from the
instantaneous contact ar&aplotted against the normalized displacenf@mtefined as the
absolute displacement devided by the overall height, and reveals a rougkdjageo
evolution during deformation: (1) a linear increase in contact pressure up to a normalized
displacement of 0.12, with a virtually identical response amdngaeples up to the
normalized displacement, and (2) a plateau stage, where the contact pressure remains
relatively constant at ~150 MPa, with fluctuations that are caused by the sudden appearance

of avalanche of densified benzene moleculesu{€i@.1d and Movie2.4).

a b - , — c . . . :
8O'Loading direction: [010] (iii)(w” ] 20 Loading direction: [010] O 10 nm

i ” . . 70 & 1 g |
loading direction = * indenter  _ | i)y A ] g Stage | Stagell -2 ™
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€ 50r © 20nm {1 @
p 21 ©30m 1 3 /
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Figure 2.11MD simulations on pyramidal benzene(a) Schematic of the simulation on
pyramidal benzeneb) Load vs. displacement and) (contactpressure vs. normalized
displacement curves of the simulations on pyramidal benzene samples with the loading
direction of [010] and the height = 10, 20, and 30 nmd) Sequential snapshots of the
density distribution of a crossectional slice cut from a 30 Rheight pyramidal benzene;
insets in (iii) and (iv): reorientatiemduced densification.
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Figure2.11d presents sequential snapshots of a eesonal slice from the sample with a
heightH = 30 nm during compression, colored by the local actual density, of which the
calculation method based on the regional atom distributions are describbéethods
illustrating a heterogeneous densification profile. In all simulations, the initial densification
region, marked by the arrow in faige 2.11(i), always nucleated at the apex of the pyramid
and expanded roughly layby-layer with further compresve load, with a maximum
density contour concentrated directly underneath the indenter ((iureR2dLt and Movies

2.21 2.4). The initial densification occurred at a normalized displacement of 0.12, within the
first stage of contact pressure evolution for all sarhplghts. After the onset of stiffening,

the densification region further extended from the edges of the flattened top towards the
undeformed layers below, along the 4#°lines (white arrows in (ii)(iv) of Figure 2.14)

and progressively thicken€Bigure 2.12)

CITCITOTTOTTOATCATCRE EVE € VT (D80
CATLEIICITCITZCITCITCIFE O € 02 O8I
CIZCITOITELIL L0 cOD Oy

SRANESIAN =8

£=35%

Figure 2.12Collective reorientation of benzene rings along the 45° local shear direction.
The reorientation process during compression in the local region in the black box is
snapshotted and magnified in tbever zoomedin images.
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The mechanism of densified region formation appears to occur in twé dtegily through
collective reorientation of benzene rings along the 45° local shear directionréFy1 4

(iii), circled region) and secondlthroughinterplanar shear slipping between paralleled
molecules (Figre 2.13and Movie2.5). The reorientation front (black arrows in Rige
2.11djii), circled region) propagated primarily along the 4frection to extend the rows of
coplanar benzene rings before deepening into the next parallel crystallographi€igiaree (
2.12). Two obvious, large drops are marked with (ii) and (iiifrigure 2.11kand are related

to the sudden reorientatidmduced densification and propagation of the densified phase
(Figure 2.11dandFigure 2.12

L ]
&, 'slip front a—':f:x‘a
By TA TP AT (4

PR aniAd = 35.4%

Figure 2.13 Atomistic deformation behavior in crystalline benzene An intermolecular
slip process in the bladkoxed region in (iii) of Figre 2.11d

At the normalized displacements@f 35.4 36.5%, the interplanar shear front field (arrows

in Figure 2.12 propagated analogously to dislocation in atomic crystals, driving offsets
above and below the plane of shear in every column of benzene rings that it passed. At
relative displacements greater ti@r 36.5% when the offset almost equated to half of the
column spacing, the fage-f acie i nteractions betwe@®) t he
likely caused the front to expand into a slip band, which distributed the shear offset over
multiple neighboring layers, relieving the high local strain and accommodating the increasing
global strain while preserving the original ritagring connectivity The radial distribution

function (RDF) analyses of the densified region is consistent with this mechaggme(



33

2.14 the selection of densified region is refered~igure 2.4. During compression, the

diffuse RDF peaks became sharfht 8i 12%, matching the onset of contact pressure

plateau. The RDF peak shapes and positions remained stabld-uB# 36%, suggesting

stable propagation of the densification region. The highest RDF peak at acarbon pair

distanceof ~4.1 A, which also experienced the most significant intensity increase, likely
correlated to the inter pl-aredatonBeyandd~32ig af t er
36%, the RDF peaks became diffuse again, which could be explained by interplanar shear

slipping and distorting the columns of stacked benzene (igsre 2.13)

‘~4.1 A
0.5+

d=40%
d=36%
0.4 d=32% [
d=28%
0.3 d=24% [
d=20%
0.2+

d=16% [~

d=12%

Radial distribution function

0.1 d=8%
= (I) Rings collectively tend to local
d=4% shear & form column stacking

001+~
3 6 9 12 15
C-C distance (A)

Figure 2.14 Radial distribution function of the densified region at increasing normalized
displacements in the 30 Aheight sample loading from [0Xd]rection accompanied by the
illustration of solid benzene deformation mechanisrhg fedarrowed dash line tracks the
feature peak.

The snapshots of the shestrain evolution of the same slice, shownFigure 2.15and

Movie 2.5, revealed that the high shesdirain region initiated from the apex and then
propagated along an inverted triangular shape where the benzene molecules assumed a
largely distorted arrangeméntat G~ 10%, forming a 45%hear band which guided the

region above to slip along and plateaued at a contact pressure oPa%@Mo (3) irFigure

2.15. The reorientatioinduced densification region appears to be located directly below
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the shear band, which suggests that the role of the shear band is to facilitateireaton

of the benzene molecules and to thicken the densification region (comparingHigliia
2.11dand (4) inFigure 2.15%. Distinctively, the interplanar slip/distortion in the densification
region induced large shear strain evident in the contour maps (comparing (ViyrasnZEiLd
and (4) inFigure 2.1%.

..O
o

Shear strain

°l

(1)d=10% 2)d=15% (3) d = 28% (4) d = 40%

Figure 2.15The evolution of sheastrain distribution of the sliced sample.

The formation of shear bands oriented at 45° with respect to the loading direction is caused
by the motion of loosely stacked Van der Wdalxebonded benzene rings along the
directions of maximum sheaompoenent that caused ringagentation. This phenomenon

is distinct from shear slip in single crystalline metals, where dislocation glide on specific
crystallographic slip systems defirgastic deformation, with minimal plane/lattice rotation,

as evidenced by similar compression experiment on single crystalline gold pyrd8+#js

The gold pyramid study reported conserved sample volume before and after compression,
consistent with the dislocation glide mechanism; in contrast, the aromatic rings in solid
benzene were loosely stacked and bonded by weaker Van der Waals forcegnahleb

densification via ring rarrangements.

The formation of densified region and shear band in MD simulations could explain the
predominantly plastic deformation in experimental observation; meanwhile, the densified
regions induced by reorientation and interplanar slip contribute to the stiffegtagior in
the loaddisplacement curves. The molecdievel deformation behaviérre-orientation
and interplanar shear of benzene rings with respect to the local stredsididikiely
generalizable to different sample geometry and loading conditiossniriations yvarying
the unit cell orientation inside the pyramid or the cryogenic temperature in the range of 10



35

30 K barely affected the deformation behawoe to the highly responsive-ogientation of
benzene molecules under the applied strégsgsre 2.16.

A o3 T T T B o3 T T T T
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Figure 2.16 Simulated contact pressunermalized displacement relatgiips using
different (A) unit cell orientations andB] temperatures in the range of30 K.

Ourin situ SEM observations reveal the entire deformed pyramid, including the densified
region at the top, to be thermodynamically stable after unloading because we did not detect
any shape change. RDF evolution of high shear strain region with shear strairhianger t

0.5 from MD simulations ifrigure 2.17#eveals no obvious peaks, which is consistent with
amorphoudike microstructure. To be noticethe uniaxial pressures in our experiments
(Pmax = 2.0 GPa) and simulation®rax = 0.2 GPa) were a factor of 8% (based on
experiments) lower than those needed to trigger amorphiz&iasization~ 25 GPa) and

20% below the pressure to initiate phase change from Pbca/tgaP275). This renders

the discussion on whether amorphization or a phase change occurred in our experiments

inconclusive; instead, we describe the microstructure as amorpkeus
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Figure 2.17Radial distribution function in the region with high shear strain extracted from
MD simulation using parameters of rafiine square displacementt>0 0 and shear
0.5 set in software OVITO.

2.5Discussion & Conclusions

We have demonstrated the feasibility of nanomechanical experiments on individual solid
benzene micrarystallites and the atomistic origin of the observed deformation behavior.
The data provides insights into the mechanical properties of other simpleorgderials
representing surface mineralogy of celdiar system bodies like Titan. These materials are
characterized by strong intermolecular forces, e.g., acetonitrile withdimensional
hydrogenbond network4), potentially coordinating the collective molecular responses in
an anal ogouls wawc k sstate benzere glictdtes ttheoreentation and
shearing. In largerganiecmolecule crystals, however, significant molecule rotation is
typically hindered by steric constraints, with the deformation mechanisms dependent on the
pre-existing interatomic forces in the original crystal structure: hexachlorobenzene, with
columnstacked rings, is highly resilient to plastic bend@®y 1,3,5trichloro-2,4,6
triiodobenzene, with strong 2D networks, and crystals with intralayer/interlayer stacking
sequences experience plastic sheariqglane or along weak interlay€®®). On the other

hand, the protowlisordered phase ice microfiber with a diameter less than 10 microns, as

a smalimolecule inorganic crystal, can sustain an elastic limit up to 10.9% under bending
deformation along with a presstirgluced phase transition frortd 11(96). MD simulations

of phasel, ice demonstrated that under compression, the column of oxygen atoms parallel

to the compression direction wouldagent into a regular zigzag patt€di), and that under
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nanoindentation near the melting temperature, a djgasl layer was formed at the ice
indenter interface by presstreluced amorphizatid@8). These previous studies suggest
the clear difference between the deformation of smeaitkus largenolecule crystals and the
special significance of intermolecular interactions in the nanomechanical response-of small
molecule crystals, organic or inorganFurthermore, the group of noldas solids, like
hexagonatlosepacked (hcp) and boeyentered cubic (bcéHe, hep*He, facecentered

cubic (fcc) Ne and Ar etc., can only keep in solid phase with crystalline structure at low
temperatures or high pseges, the same as benzene mole(@®esl00. By some
mechanical experiments like pulling a ball through the solid g (101), pulling a
superconductive wire through bide (102, or uniformly shearing hcfHe triggered by
piezoelectric transducdfi®3), the solid helium always mechanically responded in plastic
flow, phenomenologically similar as solid benzene in our experimental testing. Due to the
metatlike atomic configuration, the plastic deformation can be explained by the avalanches
of creation, raltiplication, and interaction of dislocations in solid He. However, although the
tested micrecrystallite benzene was also arranged in orthorhombic structure, the different
orientations of the benzene mol ei¢stdcking i n
between benzene rings made it plastically deform in different underlying mechanisms
compared to noblgas solids, in which every atom is identical with no orientational

characteristics.

Table 2.1Elastic constants of solid benzéh@4).
Ci1 C22 C33 Cag Css Cs6 C12 C13 C23

170K 8.01 9.26 7.88 3.18 5.53 1.95 3.85 4.80 5.08
138K 8.61 10.01 8.63 3.56 6.13 210 4.15 5.10 5.38
Units: GPa

Despite the nonstandard geometry of thiero-crystallite for extracting the modulus,
hardness, etc., a longitudinal modulus of +0.8 GPa is estimated for the densified region

of solid-state benzene, by applying several approximaieigaire 2.9) The uppetound

value is ~557 0% | ower t han t he Yo umognalsdirectiansl ul us

calculated from the elastic tensor measurement by an ultrasonic pulse (bedhothble

O |
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2.1). This inconsistency in the modulus may be due, in part, to the differences in sample
size, microstructures, crystallographic orientations, porosity, and fabrication methods used
in the described measurement techniques. This range of the modulus iallgener
comparable to the nanoindentatimme a sur ed Youngo6és modul us of
aromatic hydrocarbon) and biphenyl (two benzene molecules linked by a single bond). It
is an order of magnitude lower than that of water ice at 94 K, laboratorynTholi
(photochemicallyformed disordered polyméike organics), and white gypsum sand, and
two orders of magnitude lower than that of basalt and silicas8ndVhile the modulus

was relatively low, the solid benzene pyramids demonstrated substantial densification
without fracture as flow stresses asymptotically approached a high value iod.603Pa.

At microscale, the shear band formation facilitatingrientation and releasing local stress
concentration might imply good resilience to fracture of small benzene-origstallites

and viability of particle compaction and transport on colth@lasurface. Additionally,
densification could occur under the plasatface if benzene crystals were subjected to
pressures during impact or bu(iE)5 and/or subjected to higher pressures; the- non
recoverability after pressure removal as shown in the experiment would be of interest if

materials at depth were eventually exposed (via geologic(@pid) onto the surface.

With further studies and understanding on the plastic size effects, the present findings could
help the development of continuum and disce&merntmethod (DEM) models to
simulate planetary geological processes, including the deposition, compaction, and
lithification of solid organic materials and spacecraft landing missions osaaltystem

bodies. While this study focused on small scale testing and simulations obtatdid
benzene as a starting point, future studies could explore (i) the plasteffects in these
materials (ii) the fracture toughness of solgdate benzene to further infer its robustness in
more violent geological processesmd (iii) the fundamental mechanical properties of

myriad smalmolecule organic solids.

Through revealing the deformation characteristics of sihte benzene at the smallest
scale, we suggest (i) the critical role of intermolecular forces in dictating-atepao(re

orientation and shear) deformation mechanism of this representativensohatiule
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singlecrystal, in comparison to the dislocatiorediated plasticity in atomic single
crystals consisting of nondirectional atoms and (ii) the potentially unique behaviors of the
exotic simpleorganic minerals compared to hard and stiff siliceous rocksaah. We
anticipate that these implications will encourage future studies to advance the fundamental
mechanics of smatholecule crystals and unveil the mysteries behind planetary geological
processes.
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Chapter 3

SUPPRESANDD ESCALSATZEED EFFECT I N NANOPI
WITH HI ERARCHI CAL MI CROSTRUCTURES
NANOSCALE ADDI TI VE MANUFACTURI N

3.1 Overview

Studies on mechanical size effects in raized metals unanimously highlight both intrinsic
microstructures and extrinsic dimensions for understandingdspendent properties,
commonly focusing on strengths of uniform microstructures, e.g., Smatecrystalline

and nanoporous, as a function of pillar diametersyWe developed a hydrogel infusion
based additive manufacturing (AM) technique using-plioton lithography to produce
metals in prescribed 3Bhapes with ~1068m feature resolution. We densirate
hierarchical microstructures of-advl-fabricated Ni nanopillars ~ 100i 600 nm) to be
nanoporous and nanocrystalline, with- 30-50 nm nanegrains subtending each ligament

in bamboelike arrangements and pores with critical dimensions comparallelnositu
nanacompression experiments unvieyio size regimes with distinct deformation behaviors
and strength size dependence at below and dbev850 nm. In théd < 300 nm regime,

the Ni nanopillary i el d st reaheg-1-5h GPa, alioye singkmanccrystalline
counterparts in th® range,while demonstratingsuppressed i ze dep®eD%ence,
and localizeeto-homogenized transition in deformation modes mediated by nanoporosity,
uncovered by molecular dynamics simulatidngheD > 350 nm regime, however, the Ni
nanopillars exhibited escalated size effect and lower strengthd (dsMPa) mediated by
retained concentrated porosityhis work highlights hierarchical microstructures on
mechanical response in nasized metals and suggests smsdiale engineering

opportunities through AMenabled microstructures.

3.2 Introduction
Microstructural engineering is an important enabler of enhanced performance of metals and
alloys macroscopically, e.g., graefinement within the HalPetch regime results in higher

yield strength@L07). Microstructural features are recognized in nanomechanical studies as
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key parameters that uniquely dictate specific plasticity mechanisms, with experimental
studies delving deep into the influence of individual features/defects-gnams, nano

twins, dislocations, etc.) on strengths and their interactions with the extength scale

(nanopillar diameterd)), free surfaces, etcj.Smal | er i s stronger o pov
with size reduction has been ubiquitously demonstrated in singgealline (sc) nano
/micro-pillars produced via focused ion be@3, 108) and templated electrodeposit{@69

110 and explained through various plasticity mechanisms, e.g., dislocation starvation and
nucleatiofl1l), source truncation hardeniigd2 113, and weakedink statistical

modelg114 115). Bulk nanoporous metals, commonly produced vialtg/ing, benefit

from single crystalline nanligaments and exhibit superior mechanical strengths compared

with materials of similar densiti€32, 116 121). In contrast to the HalPetch relatio(i22),

where the yield strength enhancement scales with grain si¥e #'Q 2, describing

hardening with reduced graboundary/twirboundary (GB/TB) spacing caused by
dislocation pileups against the  boundaries in bulk  cry¢i#s),
nanocrystalline/nanotwinned (nc/nt) microstructures in raped samples introduce a

di fferent behavibDidi ndlearpd atyer i wheadrmedigteduit f a c e
plasticity competes with dislocation plasti¢it24, 125).

Such complex plasticity mechanisms are challenging to probe experimentally due to
fabricationlimitations in producinghierarchical microstructures within submicrsized,
individual specimens. Typically, these types of problems have been addressed via
computations, e.g., molecular dynanfidG 129 and dislocation dynamics
simulation$130, 131), and touched in some experimental studi24 125. The additive
manufacturing (AM) technique of narsized metals and oxides with complex, hierarchical
microstructures presented in this work renders these systems available for experimental
investigation and for higprecision manufacturing of 3Bhapednancsized metals and

alloys.

Figure3.1 illustrates the nanoscale hydrogel infusi@sed additive manufacturing process
to produce Ni with 100s rwsized features and hierarchical microstructures, which enables
studyingthe operation and interactions among multiple ralasticity mechanisms. We
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performed transmission electron microscopy,situ nanomechanical experiments, and
molecular dynamics simulations to contextualize the unique microstructural and mechanical
behavior of these samples among submicegime Ni size effects. This investigation offers

new insights into new microstructural pareter spaces that comprise fundamental budding

blocks of nanearchitected materials.

Two photon lithography
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Figure 3.1 Additive manufacturing enables hierarchical microstructures at the
nanopillar level. The multistep, two photon lithograpkHyased additive manufacturing
method, forming intermediatproducts of blank polymer, Minfused polymer, and NiO

along the way, enables the fabrication of Ni nanopillars with hierarchical microstructures.
The complex microstructure leads to interplay between the signature plasticity mechanisms
of individual micrestructural characteristics (i.e., singlgstallinity, nanoporosity, naro
crystallinity, and nanotwinning).
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3.3 Methods

3.31 Sample fabrication

We prepared customized photoresists for two photon lithography (TPL) to produce samples
with predesigned geometries. The tphoton initiator 7diethylamine3-thenolcoumarin

(DETC, Exciton) was dissolved in dimethyl sulfoxide (DMSO, Sightdrich) at 1-mg
DETCper7%¢e L DMSO. The solution was mixed with
=575 (PEGda 575, Signddrich) and deionized water at a volumetric ratio of 1:7.3:2.7,
forming a yellow solution as the finished photoresist. TPL printing was perfoomed
Photonic Professional GT (Nanoscribe GmbH) with a Zeiss-Rpachromat 63x/1.4 Oll

DIC objective at a laser power 80 mW and speed of 1.5 mm/s gkre 3.2A. Pillars

(di ameter = 2 gem; as ptalonelayeraquarelattice s@portware t o p
printed on Si wafers. The printed samples were then developed in deionized water for 5
minutes to form the blank hydrogel templates and subsequeerttiyerged into a 0.002

M aqueous solution of nickel nitrate hexahydrate (99.999%, Sfgdr&ch) at 40°C for 60

minutes Figure 3.2B to form a Ntinfused hydrogel.
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Figure 3.2Fabrication schematics of nanoscale additively manufactured NRed dashed
box represents thermal treatment in a tube furnace.
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Then, the samples were moved from the solution to the tube furnace (MT1ED0DKX) for
two-step thermal treatment: (i) opémair calcination by heating at 1°C/min to 500 °C and
cooling at 3°C/min back to the room temperatureféd.2Qq; (i) reduction by heating at
3°C/min to 590°C under vacuum, holding at 590°C for 3 min undefTbdOforming gas
(FG; 95% N and 5% H), and cooling at 3°C/min back to the room temperature under
vacuum (Figires 3.20and3.3). The final product was temporarily stored in Ar environment

before transferred to higlecuum conditions for further characterizations.
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Figure 3.3 Thermal treatment profiles during steps (C) calcination and (D) redu@tien.
varying background colors indicate different gas environments.

3.32 Microstructure characterizations

Secondary electron micrographs were collected in alwkah focusedbn beam scanning
electron microscope (FHBEM, Thermo Fisher Versa 3D) at the electron accelerating
voltages of 10 and 20 keV. The same eéhedm instrument was used for crssstioning

and preparing transmission electron microscope (TEM) lamellae using the fomusbedm

(FIB) lift-out metho@l32 with a Gaion accelerating voltage of 30 keV and currents
incrementally reduced from 5 nA to 10 pA. TEM (JEOL 2800) was conducted at 200 keV;
the different crystal phases were identified based on the Fast Fourier Transformation (FFT)
of relevant higkresdution TEM (HR-TEM) images with visible lattice fringes using Gatan
DigitalMicrograph.

Additional nanopillars, which were not used iiorsitu compression, were fabricated with

the identical protocol for porosity estimation. Each cylindrical nanopillar wasriiBd in
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a topdown configuration (pillar axis parallel to ion beam) to remove one semicylinder of the
volume so as to expose the longitudinal cisesstion (in the electrebeam view), whose

vertical dimension is the pillar height, and the lateral dimension ipillae diameter. On
eachcross ecti on, horizontal | ines were drawn e
pillar height: the line length corresponds to a diameter measurement, and the voitblength

total length ratio corresponds to a porosity meamsarg for the specific diameter. A total of

N = 170 line porosity measurement were performed, and the diatogterosity relation

was summarized iRigure 3.A in the latter sectian

3.33In situ nanomechanical experiments

Uniaxial compression of individual nanopillars was perfornreditu using the testing
system FINMT04 (FemtoTools AG) mounted in the SEM (Thermo Fisher Versa 3D)
sample chamber under highcuum conditions and an electron beam voltage of 20 keV. The
instrument is intrinsically displacemeditiven, precludingartificial displacement bursts
common in intrinsically loadiriven instruments usually as a combined result of mechanical
instabilities, limited loadrame stiffness, and feedback control failufgse pillar diameter,

D, and heightH, were measured via SEM immediately before the compression. A 10 um
diameter diamond flgpunch nanoindenter tip was used for displaceroentrolled tests

with continuous stiffness measurement at a strain rate“f14nd a data collection rate of
200HzforloadP,and t i p d ixghe systeaaneconmplianice is agrounted for by the
progr amobérs daliildr ati onx, pt bee ¢url d .axuk,rd@h ogpmat
calculated by subtracting the local nanoindenter tip and substrate deformation using the
Sneddondé6 ¢33 pproach

o . < . o)
Yo Yo 5 5

eg. 3.1

Uni axi al engiscompatedas g stress 0
g P/ DA eq.3.2
And uniaxial engineering t r aascomplitedas:

o

U Xl eq.3.3
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Figure 3.4 Schematic ofn situnanopillar compression.

3.34 Molecular dynamics simulations

A series of largescale molecular dynamics (MD) were performed to study the deformation
behavior of nanocrystalline Ni nanopillars under uniaxial compression using themper

code LAMMP{78) and recently developed embedded atom method (EAM) potéGdal

Pristine polycrystalline pillar samples with an average grain size of 14 nm were first cut from
polycrystalline rectangular prism generated using Voronoi procddile Random
nanovoids with a characteristic diameter of 4 nm were subsequently generated near the
internal GBs of the pristine nanopillars samples. We generated a series of nanopillar samples
containing ~222 million atoms with aspect ratio fixed at 3, diameter ranging from 20 nm to
50 nm, and porosity varying between 8% and 22%. Before compressive loading, the
nanopillar samples were equilibrated at 300 K for 200 ps under the isothisabatic

(NPT) enserhle. Periodic boundary condition was adopted forakial direction and free
boundary condition was used in the radial direction. The relaxed nanopillar samples were
subsequently deformed along the axial direction to a compressive sfrain0.3 at a
constant strain rate 5x46*. Dislocation structure analysis was performed and visualized
using OVIT(O80).
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D =20 nm” D =50 nm

Figure 3.5 Initial configuration of the MD -simulated pillars. Pillars of (A) 20 nm

diameter and (B) 50 nm diameter. Atoms in green are of fcc coordination; atoms in white are
of unknown coordination, representing grain boundaries and void surfaces.

3.4Results

34.1 Microstructural characterization

Individual pillars experienced significant volumetric shrinkage, primarily during the air
calcination step and secondarily during the forming gas reduction step, while maintaining
their shape integrity. Pill ar satthe TPbhdtepd wi t
resulted in the final diameteD, of ~130'550 nm and an aspect ratio of-43The
crystallographic structure of the intermediate (jmadtination, NiO) and final (post
reduction, Ni) products was characterized via high resolution TEMTHM) and indexed

based on the corresponding FFTSs.

Postcalcination. The intermediate product was determined as a qaliase NiO with a
lattice parameter of 4.17 A and Bm symmetry135 and contained uniformly distributed
~5i 10 nmsized grains Kigure 3.6A. These oxide pillars were mostly fully dense for
diametersD M 350 nm; larger pillars inevitably contained artifact void (Figire 3.7,
which was continuous in the longitudinal direction, dividing the NiO pillar into a solid core

and a shell.



48

Figure 3.6 Microstructural characterization of fabrication products. (A) (i): HR-TEM
micrographs (scalebar = 10 nm) of a representative NiO lamellecdfid from a
nanopillar; (finset): SEM micrographs of a typical NiO nanopillar (scalebar = 250 nm); (ii)
fast Fourier transformation (scalebar = 5raof the image area in A(i)B] (i): HR-TEM
micrographs (scalebar = 10 nm) of a representative reduced Ni lamddfiaetfi SEM
micrographs of a typical Ni nanopillar (scalebar = 250 nm)); (ii) fast Fowaesformation
(scalebar = 5 niH of the dastboxed area in B(i).¢) Center, SEM micrograph (scalebar =
200 nm) of a FIBcut vertical crossection of a typical Ni nanopillar-ii) TEM micrographs
of areas similar to the boxed areas displaying-ligdimentpore microstructural features
(scalebar = 200 nm and 50 nm, pestively). The redeposited Si)Careas in (C(ii)) are
shaded for clearer view.
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Postreduction. The final product was determined to be fcc Ni with a lattice parameter of

pillars withD M 300 nm were ~10% porous when reduced from fully dense NiO intermediate
product. The verticatut crosssectional lamella, shown in kige 3.€C, demonstrates that
these smaller pillars were typically comprised of a continuous exterior wall, as well as
interior ligaments and pores. TEM image of a representative wall segment, showrén Fig
3.6C(ii), uncovers a bambeldke microstructure, with individual nargraind ~ 3Gi 50 nm,
subtending the walls and ligaments, which are tli@sgtainwide. The pores, wbh have

critical dimensions comparable th are stochastically distributed throughout the sample,
independent of pillar size, meaning that a larger pillar would on average have more ligaments
than a smaller pillar, rather than being s#fhilarly scaled up. The labeled SijGn Figure

deposition and oxidation.

We found that the larger pillars with> 300i 350 nm had greater porosity, which increased
from 10% forD ~ 300 nm to ~2025% forD ~ 550 nm(Figure 3.7A) and contained large,
longitudinal coreshell voids retained through the #€duction As-calcined NiO
intermediate product is fully dense at smabgiFigure 3.7B) but forming such longitudinal
porosity defect at largdd (Figure 3.7C) which is retained through reduction (Figure 3.7D)
Considering the microstructural inhomogeneity in the larger pillaes,gsavitate our
mechanical characterization and discussiosifu nanecompression and MD simulations)
on smallempillars withD M 350 nm, which are free of the ceskell voids but we provide

some discussion dhe larger pillarsas vell.
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Figure 3.7 Sizedependent prosity. (A) Porosity measured along horizontal lines on-FIB
prepared vertical crossections of Ni pillarsEvery 17 measurements are binned into one
black square for a clearer view, with error bars representing standard deviations along the
corresponding axesB{C) FIB-crosssectionalview SEM micrographs of NiO intermediate
product, consistently showing ~fully dense microstructur® & 350 nm (B) and long
vertical postcalcination voids aD m 350 nm; @) SEM micrograph of Ni final product
showing retention of postalcination voids in larger pillars, in contrast to stochastically
distributed pores in small pillars (Figire 3.9.

The cause of increasing porosity and the development of thesheltestructure with
increasing is elucidated by partial calcination experiments up to ~365°C rather than up to
the final temperature of 500°C. As shown in Figure B8 NiO nucleation occurs from the
interior core at lower infusion concentrations aroaNd~ 0.004 0.015 M (leading to small

D due to lower total Ni uptake; Figure 3.8A), manifested by-HEM in Figure 3.8B
showing ~10 nm sized NiO nuclei (darker spots) precipitating from thefidied polymer
matrix (lighter ground), agreeing with the grain size distribution and microstructure
observation in Figure 3.6A. In contrast, at higher infusion concentrations eiové®.1 M
(leading to smalD due to lower total Ni uptake; Figure 3.8B), NiO nucleation occurs from
the exterior first, forming a percolating oxide layer ~ 10s nm thickrbedny appreciable

NiO formation on the interior. While subsequent polymer combustion and NiO formation
may initiate at the interior core at higher temperature and later stages, this exterior NiO layer
would form wrinkles due to conformal deformation aamith the volumetric shrinkage of

the interior. These two distinct nucleation routes from the exterior and the interior thus

potentially explain the observed final cesieell structure with such longitudinal porosity.
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Exterior Interior: vertical cross-sectional views

Exterior Interior

!

| Oxide nucleation |
from surface

Figure 3.8Electron micrographs unveilingmpeting NiO nucleation mechanisatgartial
calcination up to ~ 36%: (A) SEM images (left: exterior view; right: FH&osssectional

view) of dominant NiO nucleation route at small diameters and/or low infusion
concentrations ) HR-TEM showing NiO nuclei in polymer matrix upon partial calcination;
(C) SEM images of dominant NiO nucleation route at large diameters and/or high infusion
concentrations.

34.2In situ compression experiments

The compression of individual nanopillars wessformed in an intrinsically displacement
controlled system (FemtoTools AG) in the quasistatic regimewr&®9 highlightsthree
typical engineering stresdrain signaturegwo from smaHD regime and one from large
regime The smakstpillar, labeledD = 145 nm, contained an extensive linear regime, up to
U = 7%, wquardfitted lorigiridingltioading modulus of ~66 GPa, followed by a
rapid | oad dr op p-a32GPatdaleulatgdiugng the 62061stmin gffseh |,

criterion, consistent with the observed deformation via a single shear band atoelose

Co

diagonal orientatiorfFigure 3.9 inset left; Movie31) . The fshoul der o in
9%, depicted by the blue arrow, may arise from the arrest of shear band propagation at an
adjacent grain with a different crystallographic orientation. Sdw@ndpillar in the smalD

regime labeledD = 211 nm, exhibited significant pegield hardening and softening,
reaching a maxi swuth GPawatst Ues syebt$bftemingtoa i n ar
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8 2.3 GPa which is then mai 8tacdmpapied bpat i | L

homogeneous global compression profile (3.9 inset middle; Movie 3.2).
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Figure 3.9 Engineering sessstrain relationshipef three Ni nanopillars with representative

D6 d~rom the data, the longitudinal loadingpduluswas calculated by leastuare fitting

from the linear loading segment, where the first 10% was not used due to nonlinearity from
initial contact establishment; the yield strength was then chosen as the intersection point
between the data and 0.2% straifset linear fitting lineThe inset SEM micrographs show

the premortem and postortem status of the three representative pillars showing distinct
failure mechaisms. Movies 3i13.3 contains then situ videos of the nanopillar pillar
compression synchronized with the streain evolution; see Appendix B for the movie
titles.

As notedabvoe these larger Ni pillars contain the retained calcinatioiiced defects (the
continuous longitudinal corghell voids), which dominated the deformation behavior. From
thein situcompressioexperimentthese pillars were found to experience significantly lower
0y~ 0.2 GPa and deform via multiple crackifgure 3.9 inset right; Movie 3.3) agreeing

with influence from the continuous longitudinal voids. These cracking events were reflected

in the stresstrain curve as multiple peaks and load drops

Sizedependence of nanopillar yield strengtH8ased on compression results frohs 56
smallernanopillarsand N = 44 largernanopillars we observed wo di sti nct Asr
st r o n g-édependerd regimes of theiniaxial yield strengtjX, plotted as a function of

D on a loglog scale in Figure 3.10, accompanied by yield strength values from previous
literatures on conventionally manufactured Ni nanopillars and nanocrystals with- single
crystalline (sc), nanocrystalline (nc) microstructuf@st experiments revealédD scaling

following:
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dim (e.g.,dim = 2 for surfacanediated plasticity137)(139).

fixed dim, implies the presence of fewer and/or less severe defects in the Weibull
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eg.3.4

the scali ng manddimensionabty,

Small er rat

distributioncharacterized defedominated material strength mod&7). A clear two

regime size effect is observed, where a segiwesdleastsquare fitting providea value of

b 0:2onD M 350 nm, representing a suppressed extrinsic size effect for the smaller Ni

nanopill ars

effect for the larger Ni nanopillar§his significantly greatescaling factorof the latter

indicatesthe presence of more defects or increasingly more severe deitbciscreasing

D, agreeing with thpositive correlation betwegrorosityandD measured from pillar cross

sections
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3.4.3Molecular dynamics simulations of Ni nanopillarin suppressed size effect regime
Figure 3.11 shows the compression simulation results of two typical nanopillars with
diameters of 20 and 50 nandthe same porosity of 15%ia stochastically distributed
nanopores resembling the suppressed-edfiset regime microstructures free of such
weakening corshell void structuresto demonstrate distinct siependent plastic

deformation behavidn such nanocrystalline, nanoporous microstrueintrensic regime

D =145 nm

(i) before (iv) after

Figure 3.11 Molecular dynamics simulation of Ni nanopillars compression(i) SEM
micrographs of the original nanopillarsthe suppressed size effect regshewn inFigure

3.9 labeled with a correspondin®, MD-simulated visualization of a representative
nanopillar (i) shortly after yieldingg= 0.025, and (iii) at a significant plastic stragr 0.3,

and (iv) postmortem SEM micrographs of the same pillars (all scalebars = 250 nm).
Dislocations are colored by their types: Shockley partial dislocations (greenyodtair
dislocations (pink), and Hirth dislocations (yellow); atoms with hcp, bBod, unknown
coordination are colored red, blue, and white, respectively; in MD visualization, bulk fcc
atoms areemoved for clearer view; in (i), atoms on the internal void surface are colored
black, and blue arrows indicate the surface steps formgcabyboundangliding.
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Both specimens show the initiation of plastic deformation at a compressivestranound

0.025, characterized by a combination of surface grain boundary sliding and partial
dislocation nucleation as shown in the insets iufea.11 upper (ii) & lower(ii), where

blue arrows indicate the location of surface grain boundary sliding and green lines represent
the Shockley partial dislocations. MD simulations reveal that in the smaller specimens, with
D =20 nm Figure 3.11" uppe), partial dislocationpredominantly nucleated from the outer
surface; in larger pillard) = 50 nm), a significant number of partial dislocations nucleated

at the internal grains, especially those adjacent to voidsiré-3.117 lower(ii)). Upon

further loading tee = 0.3, the smaller pillars formed localized shear bands in the middle of
the nanopillar, as indicated by the dashed line inr€i@.11i uppefiii) along a preferably

slip plane. Dislocation analy$ist? was performed for the nanopillar to obtain the total
dislocation length in the shear band and a 30% increase of Shockley partial dislocation
density was found in the localized deformed region within 5 nm of the slip plane, compared
with the average dengitin the whole specimen. The larger pillar underwent a more
homogenized plastic deformation (&g 3.117 lowexiii)), characterized by multiple
activated slip systems throughout the entire volume and more uniformly distributed partial
dislocations. The lzserved localized slip in the smaller pillar versus homogeneous plastic
deformation in the larger pillar revealed by the MD simulations are in good agreement with
the postcompression SEM images shown in uig 3.117 uppefiv) and lower(iv).
Computational results demonstrate that the onset of yielding can be manifested by both
surface GB sliding and partial dislocation nucleation, and that the large plastic strains are
eventually accommodated by collective dislocation activity dictatedthe interior
nangorosity. While gaining atomistievel insights on qualitative trends based on MD
simulations, we acknowledge that the intrinsic difference between the experimental
parameters and the modeling setup may limit direct comparison between stress legél, critic

dimensions, and other quantitative results from the asaliscussed next

Limitations in using MD simulations for the present nanopillar compression experiment.
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In this study, we have performed large scale MD simulations to gain atomic insights on the
deformation mechanism and size effect of nanoporous nanocrystalline Ni nanopillars. While
good qualitative agreement can be found between the experiments andi@isuthere

exist some discrepancy on the geometric parameters and quantitative results of the

mechanical properties as detailed in T&ble

Table 3.1 Difference in geometry and mechanical property of Ni nanopillars between the
experiment and MD simulation.

Experiment Simulation
Grain size 30 50 nm 14 nm
Pillar diameter 130/330 nm 20 50 nm
Pore size ~30/50 nm 4 nm
Porosity ~10% ~10120%
Strain rates 102s? 5%108 st
Yielding strain ~5% ~3%
Modulus 51+17 GPa ~70/100 GPa
Yield stress 1i 3 GPa 1.52.5 GPa

Those quantitative discrepancies can be understood from the following intrinsic assumptions
and constraints in our MD simulations:
(1) Limitation in length scale and time scale because of computational power. In our
case, our largest MD model contains 22 million atois 60 nm) and is still much smaller
than the smallest pillar in the experimebt+ 130nm). Our strain rate in the simulation is
around ten orders of magnitude higher than in the experiment. The difference in length and
time scales could affect a series of deformation behaviors (i.e., grain boundary sliding,
dislocation nucleation/intaction), and thus shift the balance between different deformation
mechanisms (i.e., grain boundary meditated plasticity vs. dislocation meditated plasticity).
(2) Simplified microstructures of the simulation model. MD simulations were
performed on nanopillars with relatively clean grain boundaries and spherical pores, while
the grain boundary structure in the experiment might be defective with larger free wolume

decorated with solutes, and the rgpherical nanopores in experiment could have higher
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stress concentration than the simulation model at the same porosity. The difference in grain
boundary structure and pore geometry could both affect the dislocation nucleation and
transmission behavior in the nanopillars.

(3) Accuracy of interatomic potential. We have adopted the widely used EAM potential
for Ni in our MD simulations. However, the accuracy of the dislocation nucleation energy
barrier at grain boundary/free surface and dislocation core structure mighguairaeteed,

which can be another error source for the discrepancy between experiments and simulations.

While we hold good confidence that the atomic mechanism revealed by our MD simulations
on the transition of deformation modes (localized shear banding vs. homogenized
deformation) and reduced size dependence of the yield strength of the nanopillars should
function similarly in the experiments, we acknowledge that the critical pillar size for the
transition and the scaling factor b could
the constraints discussed above. The modulus and yield stress ohtpdlaes in MD
simulations both decrease with increasing porosity and are within the similar range of the
values from the experimeéntalthough greater variance is observed in experiments due to
the more complex microstructures (i.e., grain boundary structure and irregular pore

morphology) of the AMfabricated nanopillars.

3.5Discussion

3.5.1Kinetically - and chemically-driven microstructure

The present AM method forms a natural ground for comparison with hgesslynthesis,

which has been the process of choice to produce loose powders of nanocrystalline metal
oxide nanoparticles and macroscale samples with sintereejrnang143 146). Distinctly,

the present method produced NiO intermediate product with pronounced shape integrity and
density retenti on a withgraifdzésof 5l nmap@maoximdtey s i z e s
anorderof-magnitude smaller than $glelproduced grairn(d@46). In situ environmental

TEM study by Jeangros et al. described the submisimad NiGto-Ni reduction mechanism

to occur via simultaneous nucleation and growth of multiple Ni grains on the surface of the

sample, gradually moving the Ni/NiO interface inward, withamitant formation of pores



58

and irregularities to accommodate the oxygen volumg143s The model explains the
presently observed porosity formation, surface roughening, and poly(nano)crystallinity.

3.52 Sizedependent nanopillar strength

From the compression experiments, the decreasing pillar strength as well as the decreasing
strength variance with increasind suggest a stochastic defeltiven deformation
mechanism, likely dominated by interior pore volumes. Defeatinated mechanical
properties are typically understood to be siependent, e.g., by the weakest link
statistic§137). Larger samples are (i) statistically more likely to trap a more detrimental
defect, leading to reduced strengths, and (ii) representative of more homogenized systems,
leading to reduced specimtmspecimen variation. The sizependent transition in [g@ac
deformation mode (from localized shearing to homogenized compression) may be accounted
for as well: while GB junctions present themselves as the weak points for dislocation
nucleation and thus plastic deformation, with constant grain size but inti2abseatio,

larger pillars contain a greater number of the weak point across the width to facilitate
dislocation plasticity and prevent localized plastic instability by shear banding. In contrast,
the smaller pillars with fewer pore surfaG® triple junctions underwent single shear
banding, where the cloge-diagonal orientation is dictated by th&herresolved shear

stress under uraxial compression. Moreover, applying the precutsedveibull (PWBL)
distribution specifically suggested for nasiouctures by Bern@48 to the present
experimental data, we estimated a Weibull modulus of 5.8, a represestatnent area of

~10s nmM, and a characteristic strength approximating the theoretical strength of Ni.

Nanopillar compression results in the context of PrecurgorWeibull (PWBL)
distribution. We adapted the expression for the failure probability based on the PWBL
distribution discussed by Berfilto the present experimental results of Ni nanopillar
compression:

) p p - eg. 3.5

where:
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(i) Py is the failure probability of pillar #j;

(i jis)the yield strength of pillar #j measured by the experiment;

( i iois the distribution parameter for characteristic stress;

(iv) mis the distribution parameter for Weibull modulus;

(v) Nj is the number of representative element in pillar #: we consider the soméatated
dislocation plasticity as the source of yieldiagdthus we take a 2D representative element
and Ao as the distribution parameter for the size (i.e., area) of the element; thexifore,
A/Ao with Ay approximated as the cylindal sidesurface area of pillar #,.

We performed leastquare fitting folN = 56 pillars, where the experimental value of
P(G) is approximated by the proportion of
are summized in Figure8.12 where we obtained the PWBL parameters td\pe:31 nnf,

0o =12.7 GPa, anth= 5.8. Note that approximatiny using the exterior surface area is an
underestimation due the surface roughness and the presence of interior pores;,tAgrefore
may be underestimated as walbte that the deviation from a Sigmestiaped curve of the
experimental data, which rather appears approximately-piseelinear, may suggest the
presence of more than one governing failure mechanisms, which passitdlate to the
guastbrittle, shearing banding failure vs. the homogeneous plastickilodvdeformation

dominant at different pillar size ranges with some coy&s.

A,=31nm? o, =127 GPa (m=5.8)
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Figure 3.12PWBL distribution fitting to nanopillar compressierperimental results.
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3.5.3 On Ni size effec{suppressed size effect regime)

When comparing theniaxial yield strength as a function of extrinsic dimensions, the present
additively manufactured nanoporous, nanocrystalline pillars exhibit similar uniaxial yeild
strengths to the sggillars, nanowires, and nanocrystalline pillars, whilegasvn se
nanoparticles are approaching the theoretical strength of Ni, due to their lackexigineg

defects (Figre 3.10.Co mp ar e 6.67dorthewelk nown fAsmall er i s
singlecrystalline fcc nano/micrpillars, the present Ni nanopillarsitiv hierarchical

mi crostructure exhi bi@Q2Taeuniwdalyolesdrved exporente f f e ¢
b 0:60.7, for single crystals is commonly associated with dislocation source truncation
induced hardening, typically observed fBiB-carved samples with high pexisting

dislocation density, which commonly undermines their yield strébg@150). When initial

dislocation densities are lower or when dislocations are easily driven out by gliding-on non
intersecting slip planes during compression experiments eeyjownetryoriented samples,

dislocation starvation and nucleatiorediated plasticitylead to suppressed size
dependendd5J).
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Figure 3.13 Effect of porosity on compression strength of Ni nanopillars(A) Initial
microstructures of typical Ni nanopillars in MD simulations with 10% and 18% porosity.
Spherical voids are generated along the internal grain boundaries. Atoms with FCC and
unknown coordination structures (at surface and grain boundariesdlared green and
white. (B) Compression strength of Ni nanopillars as a function of initial void volume
fraction. Data points are colored by pillar diameter: 20 nm (black), 30 reen(gr40 nm

(blue) and 50 nm (red).
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This scenario matches the present system because (i) the thermal treatment-faeel FIB
fabrication result in low initial dislocation densities, and (i) interior pore volumes reduce the
dislocation mean free paths and facilitate dislocation nucleation fixare surfaceGB
junctions. This porositynediated deformation behavior is wedptured by our MD
simulations, and strength of nanopillars was shown inrgi@.13to be affected more by
nanoporosity than pillar size. The suppressed size effect duedporasity is demonstrated
further in Figire 3.14where the compressive yield strength of small and large pillars
determined by 1% strain offset shows significantly lessened size dependence in nanoporous

pillars than pristine counterparts.
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Figure 3.14Deformation behavior of Ni nanopillars without internal voids. (A) Stress

strain curves of Ni nanopillars with different porosity and diameter. Dashed magenta lines
show the 1% offset using elastic modulus at given porosity. Snapshots from MD simulations
showing the compressive deformation process of typical Ni nigarspwith diameters of

(B) 20 nm and (C) 40 nm with increasing strain. Atoms with fcc, hcp, bcc, and unknown
coordination are colored green, red, blue, and white, respectivdgfdmed samples, bulk

fcc atoms are removed for clearer view. The dashed black line in (B) indicates the location
of localized slip band.
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In the presenD regime, our nanopillars are consistently stronger than electrodeposited
nanocrystalline counterparts with comparable grain sizes (3(L88h)despite the former

being nanoporous and the latter fully dense. The strengthening mechanisms in the present
experiments may include: (i) GB pinning by residual oxygen impurities, (i) GB
roughness due to the grain growth amerlocking upon reduction, and (iii) interior pores
decreasing the probability of preferred GB orientaiton at junctions for easy deformation. In
nanocrystalline nanopillars of Pt, Gu et al. discovered that accompanying surface GB sliding,
the interior pasticity was dominated by dislocation nucleation from GB triple junctions,
intragranular propagation, and absoprtion at GBs of the samd1@4inin the present
nanoporous scenario, while pawfaceGB junctions serve a similar role as their GB triple
junctions, dislocations may escape at pore surfaces across the grain and relax the stress
concentration instead of being trapped at GB, intensifying the stress concentration, and
facilitating secondary distation nucleatiords this argument suggests the observed plastic

flow stress enhancement due to nanoporosity.

Experimental studies on nanoporous metals have predominantly focused on Au or Ag at
typical porosity > 50%, precluding direct comparison to the present study. Nevertheless,
several studies have indicated the strong influence of ligament sizes on tretregth:
inkjet-printed nanoporous, nanocrystalline Ag (~25% relative density) demonstrated
nanoindentation hardness decrease by 70% with increasing ligament size from 80 to 230
nm(117); de-alloyed, annealed nanoporous Au exhibited similar nanoindentation hardness
drop with the increased ligament diameter rangiri6 nn{152); macresized nanoporous

Au possessed 80 MPa yield strength at ~35% relative density, benefitted fromsizedm
ligament$120). These literatures and the present work both highlight theodpling
between the extrinsic dimension of the specimen and the characteristic dimension of the
microstructural feature so that larger samples could benefit from high strengths inherent to

finer features

Experimental control over microstructural dimensions and the influence on the
nanopillar yield strength.From our experience with sample fabrication, prolonging the

reduction step can cause grain coarsening to > 150 nm. Meanwhile, the grain growth leads
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towards a morphology of faceted grains and uneven pillar diameter, where the product starts

to resemble a stack of a few grains and would not be suitable for uniaxial compression.

For such microstructure, we would expect the mechanical response to resemble that of a bi
crystalline counterpart whose pillar diameter and grain size become comparable, whose yield
strength (i.e., the stress required for dislocation plasticity) couttiheéd as the dislocation
nucleation/activation stress is in general inversely related to thesurtece radius of
curvature. And this indeed has been preliminarily observed in our ongoing, unpublished
work on compression of Ni nanolattices fabricatethwlifferent reduction treatmentthe
specimens with the coarsened grains exhibited observable decrease in yield strength.

Estimating the ligament strength using the Suquet upper bounth(SU)
" ¢ "W 9w o6 eq.3.6

where, ysrepresents the constituent material, i.e., individual ligaments, yield strength; and
represents the relative density. Using 90%, we obtain the ligament yield strength to be
16% higher than the pillar strength while not approaching the theoretical limit, suggesting
two-fold effects of pore surface@) strengthening by dislocation escape at pore surfaces and

(i) facilitated dislocation nucleation at pore surf&B junctions. Hakamada and Mabuchi
examined the ligament yield strengfize dependence for nanoporous Au with ligament
sizes of 5126 nm usinggg.4and obtained b = 0.20, which
nucledion at free surfaces, supporting our present argument on pore surniadesed
deformatior®.

3.6 Conclusion and outlook

In the present work, we established a rastiip additive manufacturing technique for
printing metals with ~100 nm features and demonstrated {fadasated Ni nanopillars to
possess hierarchical microstructure, exhibiting nanoporosity and nanocrygtalfitin
single grairthick walls and interior ligaments. AD M 350 nm, the nanopillars are
mechanically robust, reachin§j3 GPa yield strengths, higher than most other reported sc

and neNi nanopillars. MD simulations unveiled the atomistic understanddf the
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nanoporosityneditated plastic deformation giving rise to the slependent shift in
deformation modes and suppressed size effgut. present study on nanopilldrghe
fundamental building block of nararchitected structurdssheds light on designing the
mechanical response of complex srsathle 3D designs and alternative material systems
uniquely enabled by the method. Fig3ré5 takes a glimpse at the AM capabilities using
the present method: NiO and Ni cuboctahedral lattices witm lunit cell and 10-nm
smallest feature size (Rrige 3.1%8\i D), patterned iron oxides (Rige 3.1%), and shelbased
SchwarzP structure of metallic silver (Rige 3.5F), while work by Saccone & Gallivan et
al. further suggests the potential of alloyif). In contrast, popular commercialized metal
AMs does not reach the present length £8&|€l54), and previous submicrer@solution
breakthroughs are commonly hindered by complicated chemical sy(fibe$&5 156) or
low throughputél571159. We anticipate the AM method can facilitate higid
applications in micrdiomedical devicesin situ catalytical studies, nanophotonics, and

more by combining complex microstructures and geometries.

Micro-robots

Figure 3.15 Outlooks on the AM capability and applications: SEM micrographs of
cuboctahedral nanolattices &,(C) Ni O (scal ebars = 1B,&®nd 2 ¢
Ni (scal ebar s = 1 Eghaxdgoral beam pattarncobBe (scalebarv=e | vy )
5 ¢ m)SchwqdrzP shel |l structure of Ag (scalebar
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Chapter 4

HYDROGENFUS-BANED ADDI TI VE MANUFACTUF
NAN@GRCHI TECTED OMKPAIORI NG THE
NANOPOROBRTYEN DEFORMATI ON

4.1 Overview

The emergence of 3D printing methodsdorallscale metals has enabled attaining a unique
dimensional niche, on the order of-100 nm, at the nexus of the functional feature sizes,
the critical microstructural detail, and atorewel defects. This convergence fundamentally
challenges the conm&onal relationships across structural hierarchies and has significant
nanomechanical implications. We introduce a metal #mimbing system that combines
two-photonlithography, hydrogelinfusionbased additive manufacturing, amd situ
mechanical expanents on 3D nanarchitected Ni, with critical dimensions of ~100 nm,
surface roughness on the ordefl®fnm and a broad range of geometries (periodic vs. non
periodic, beanbased vs. shellased), and demonstrate their superior specific strengths of
~100MPagcm®, enabl ed by an unambi gu oBExgrimégsmal | er
identified regions of concentrated porosity to serve as primary deformation initiation sources
and quantifiedthe concentrategorosity distribution as an input allowg us to perform
physicsinformed, multiscale finiteelement simulations taccurately predict the size
dependent mechanical properties of rarchitected Ni governed byanoporosityinduced
deformation mechanisms. Our work introduces a generalizable framework that integrates
experimental and computational approacHes the fabrication, characterization, and
evaluation of nancand micrearchitected metals and ceramacsoss structural hierarchies,

applicable to the broad fields of nanotechnology and nanoscale manufacturing systems.

4.2 Introduction

The field of nanotechnology has seen explosive growth, driven by the unique potential of
nanascaleenabled material properties and phenomena. These include a high-atetace
to-volumeratio for adhesiofl60), nanoscale mechanical enhancerf@t84, 161),

quantum effec{d62), and subwavelength optical propertis3). Metals and ceramics,
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traditional engineering materials widely used for their superior mechanical, thermal, and
electronic properties, have become central to the exploration of nanoscale technologies. This
Adownsi zing adventureo has | edcqied mifrd ) i ntr
opticg165, and nanomechani&l) and (2) promising opportunities in energy storage,
catalysis, and biomedical applications, which in turn collectively calls for advancements in
nanofabrication techniques for metalshenanascale regime. Despite significant advances

in the additive manufacturing (AM) of metals with complex microstructures and
geometrie€l53 166), the direct fabrication of designéor-function metal parts remains a
chall enge. This I imitation arises from the
laserpowderbedfusionbased metal AM metho(&/, 167), as well as from the throughput

and structural complexity and integrity constraints of emerging-peinting methods, most

of which are fieldassisted or nanoclustbasedl5, 41, 168 170). A critical need exists to

develop a nanoscale additive manufacturing (ral) method that combines superior 3D
freeform capability with highiesolution precision to enable the fabrication of complex 3D

metallic parts.

Emerging naneAM technologies, including two-photonrlithographybased 3D
printing(170), electrohydrodynamic jet printi(89), andelectrochemical narprinting(41),
havemade it possible to attathedimensional space where the functidstalictural feature
dimensios (e.g., the beam diameter of a weuite nanolattice), thecharacteristic
microstructual length scalgle.g., nanocrystalline grain size), and the deféct @.g.z e
processingnducedporosity) all meet at10-100 nm. This convergencef characteristic
lengths fundamentally alters the conventional paradigm for evaluating structural material
response becaug&) we can no longer assunaeclearsepardabn of scales orely on
homogenizationapproaches fotower hierarchy elements whesssessingnechanical
reliability, which is critical for the efficacy of nararchitectures in practical applications,
and (2) thep r o p e r t i beilsing dlbckstdineetly ififluencethe performance of the
o v e raghitécturdacrossigher structural hierarchie@espite its importangéhisunique
feature of nan@rchitecturehrasnot been systematicalipvestigatedPracticalchallenges,
including limitations inthe precision,throughput and reproducibilityof current naneAM
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technologies, as well as constraints in achieving geometricamaatanical robustness
have hindered comprehensive investigation

In this work, we demonstrate a typbotonrlithographybased hydrogel infusion na#iv
strategy (nand1lAM) that is sufficiently versatile to produce complex 3D geometries from
diverse materials systems, including metals (nickel, silver, etc.), ceranunsofrdes,
titania, etc.), and nanocomposites. Leveraging on the fabrication of monolithic metal
nanopillars, which can serve as the nandding blocks with superior streng{igl), we

fully develop naneHIAM process for complex 3D nararchitectures with 1868m-fine
feature dimensions ariddsnm-scale surface roughness. A series of periodic Hessad

and shelbased Ni nanolattices and npariodic spinodalike Ni nancarchitectures are
fabricated and reveal their unprecedented structural integrity and superior specific strengths
of ~100 MPa.gcn?, serving as a model system to investigate the unique nanomechanical
behavior arising from the converging structural and microstraictiraracteristic length
scalesln situnaneexperiments and muhierarchy finiteelement simulations collectively
identify nanoporosity as the key factor controlling the-sigpendent strength of the nano
architectures and bridging the nano/mianechanical behaviors across structural
hierachies. These findings demonstrate an effective pathway for the fabrication and

diagnosis of highntegrity nanearchitected metals for nanoengineering applications.

4.3 Methods

4.3.1Additive manufacturing sample fabrication

A photoresist was prepared with mixing three components: (A) poly(ethylene glycol)
diacrylate Mn = 575 crosslinker (PEGda 575, Sighidrich) in deionized water solvent at

a 2.67:1 volumetric ratio, (B) a twghoton initiator solution (1.33w/v%-diethylanino-3-
thenolcoumarin (DETC, Exciton) in dimethyl sulfoxide (DMSO, Sigitdrich)), and (C)

a photosensitizer solution (0.05wt.% methylene blue in water, Siddnech) at an A:B:C
volumetric ratio of 100:10:2. Polymeric 3D structures were fabricated \ogphwton
lithography (TPL) on a Photonic Professional GT system (Nanoscribe GmbH) with a Zeiss
PlanApochromat 63x/1.4 Oil DIC objective, at a laser poweb®MmW and speed of 7.5

mm/s, directly printed onto a Si wafer substrate. TRERIsprinted samples were developed
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in deionized water for 5 minutes for solvent exchange and subsequently immersed in 0.005
M aqueous solution of nickel nitrate hexahydrate (99.999%, Sigdrach) at 20°C for 12

hours to form Niion-infused hydrogel 3D structures. The samples were theoveshfrom

the solution, diginsed with deionized water for 1 second-dried for 1 minute, and
transferred into a tube furnace (MTI OIB00X). The thermal treatment profile followed

the protocol in our preceding work on additive manufacturing of Misdimple was open

to-air calcined up to 500°C at +1°C/min, cooled down to room temperat®¥dmin, and
reduced using 100 Torr forming gas (FG; 95%aNd 5% H) at 590°C for 3 minuté&2).

The final product was immediately transferred into hrghuum conditions for subsequent

testing or temporarily in Aglovebox for storage until testing.

4.3.2Nanomechanicalexperiments

In situ compression of Ni nanoarchitectures was performed in a scanning electron
microscope (SEM; Quanta 200, Thermo Fisher Scientific) equipped with an intrinsically
load-controlled nanomechanical testing module (InSENfom Nanomechanics Inc. and
Inforce-50 actuator from KLA) under high vacuum of ~15¢1®@a, room temperature of 294

K, and an electron accelerating voltage of 20 kV Feg4.). Pseudedisplacement
controlled compression was performed using an 176djameter diamond flgpunch
nanoindenteat a strain rate of 18! and a data collection frequency of 200 Hz for Idad,

and tip displacement after contags,x which is corrected for system compliance by the
mo d u | e -t saliboation furiction. The height, and lateral dimensioh, of the nane
architectures as well as the feature sizayere measured from the pmertem SEM
micrograph. Unia x i a | nominal engineering stress,
cal cul aLéan d OkH=Strudpral relative density] of each specimen was
estimated individually based on SEReasured dimensions using the compatded design

(CAD) software nTopology. Note that structural relative densifydoes not take into
account the microstructural porosity, i.e., the presence of hollow volumes at the interior of
the continuous feature surface. Such material porosity of the octahedral nanolattice is
estimated separately via focudsed-beam milling tareveal the full vertical crossection at

the middle plane of each unit cell layer and by counting the area percentage of interior pores
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Figure 4.1 Schematic oin situcompression using SEMentor.

4.3.3Finite element (FE) simulations

Two series of FE simulations were performed using the commercial package @A@agus
(Dassault Systemes SE) to investigate the mechanical response of the unit cell and 6x6x4
unit cell array, respectively. For the simulation of stress distribution in the unit cells of the
beambased octahedral nanolattice, sialsed SchwasP nanolattice and shelbased
spinodallike nanoarchitecture, models generated from 3D print {id®pology Rbust
Tetrahedral Meshyvere directly meshed with C3D4 solid elements. These models were
placed on a rigid substrate and subjected to compression loadimg frigid flat indenter

using the Abaqus/Standard module. A typical unit cell simulation consisted of approximately
800,000 elements, assigned a linear elastic material model with a Young's modulus of 70
GPa and a Poisson's ratio of 0.3 for Ni. To modelutimate strength prior to structural
collapse, a series of 6x6x4 bedn@msed octahedral nanolattices with varying feature
dimensions and relative densities were simulated using B31 beam elements in the
Abaqus/Explicit module. These models, containingraximately 10,000 elements each,
were also placed on a rigid substrate and subjected to compression loading from a rigid flat
indenter. Damage accumulation in the nanolattice was modeled by element removal at
critical strain. An elastiperfect plastic matial model was adopted for baseline Ni, with a
Young's modulus of 70 GPa, a Poisson's ratio of 0.3, a yield strength of 3 GPa, and a failure
strain of 0.05. These properties were derived from the sttess curves of Ni nanopillars

with a diameter of 45 nm which was mentioned in ChapterT® account for size effects,

the failure strain was set to increase with the feature dimension, reaching 0.2 at a diameter of
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300 nm, as suggested by nanopillar experiments. For the scaling of strength, we have adopted
two different treatments

(1) The first is directly adopting the scaling law of the fracture strength of a nanopillar
when modeling the nanolattices with different feature dimensi®he sizedependent
scaling relationship is directed adopted from the Ni nanopillar experiments in the work of
Chapter 3where thaultimate failure strengths of tlrmdal elements have a scaling factor of
-2 (i.e., the defeetriven regimejnd the nomodal elements have a scaling factor e 2

(i.e., the microstructurmtrinsic regime), as shown in Figure 4.2

Engineering stress (MPa)
1000

100 200 300 600
Feature dimension (nm)

Figure 4.2 The sizedependent ultimate failure strengths of the present additive
manufactured Ni nanopillars (Chapter 3) under uniaxial compression.

(2) In the second treatment, we explicitly consider the experimentally measured size
dependent average porosity and porosity distribution in the nodal area. Linear interpolation
is used to determine the average porosity at the given feature dimension, porbsity
distribution at the nodal elements is described with a gamma distribution. The size effect of
the strength is modeled with the porositduced material degradation. The ultimate strength

from FE simulation is defined as the maximuneisgith in the stresstrain curve.

4.4 Results

4.4.1Two-photon-lithography additive manufacturing of metallic nanoarchitectures
Figure 4.3 presents a schematic of the tplootonlithography (TPL) fabrication process,
showing the custom photoresist formulation, the ghmstoresissilicon sandwich setup,
and CADmodel ofthe three distinct representative structures of interest: (1) albesed
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periodic octahedral nanolattice, (2) a stesed periodic Schwaf nanolattice, and (3) a
shelltbased nosperiodic spinodalike nancarchitecture. In the hydrogel infusion AM
approach (HIAM) developed by the auth@ral), the predesigned, aprinted organogel
structures are treated with agueous solutions of metal salts to transform intonfuséal
hydrogels, whickcan then be calcined, reduced, and/or pyrolyzed to form replicas of the
originally designed structures made of metals, metal alloys, metal oxides, and composites
with great versatility enabledybtunable infusion and thermal treatment recipes. An
improvedphotoresist formulatigrwith a2 vol% of aphotosensitizer solutioimcreasedhe

TPL printing speedby 10x and solvedmultiple detrimental issues including local
overheating delamination,and solvent evaporation without compromising the spatial
resolutionof the printed parttherebyensuringits reliability, precision,and throughputor

producinglarge, complex 3D geometries.
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esti mati on. Dashed boxes in Bi.i and Cii i n
Om;: ci = 5 Om; Di = 5 Om.

Here, we explore the nano/miempechanicamicrostructural interplay of property
contributing characteristic length scales betweerafh@ 100hm using HIAMfabricated 3D
nanocarchitected Ni as a model systdfigure 4.Bi D show the fabricated nararchitected

Ni products, characterized by a structural relative deridityf ~20 40%, structuralfeature
dimensionsg, in the range of hundreds of nanometers, and surface roughness on the order
of0nm. These results highlight the fabricatio
structural definition. The microstructure of the namohitected Ni parts is nanoporous and
nanocrystalline, with ~50 nm grains and ~10% unifor@noporosity atliameters ol M

350 nm(Figures 3.6 and 3),/consistent with what was reportagithe authorfor monolithic

Ni nanopillarsfabricated using the same protocol and exhilsteehgth enhancement up to

~2-4 GPa with decreasimfjdown to < 150 nif171). At greaterd, we observed additional
regions of concentrated porosity, which brought about arégmne dependence of the

nanopillar strengths athand on the overall nanomechanical response

Structural geometry characterizations of 3D metallic Ni na@ochitectures.Figure4.3B-

Diii shows the CAD model constructed according to the feature dimensions measured from
premortem SEM micrograph of each specimen for the purpose of structural relative density
estimation. The influence of the elliptical voxel shape of the TPL laser tiedine resolved

feature aspect ratio in the octahedral nanolattice is taken into account: the beam is assumed
to be elliptical; both the major {axis) length,a, and minor (X or Yaxis) lengthb, are

measured at ~10 beams; the characteristic feature size for the nanolattice specimen is then

estimated as ~ 116 wFor the shelbased nanarchitectures, the influence of the elliptical
TPL laser voxel shape is insignificant; thus, the srattknesst, is measured at 10 locations,

and the characteristic feature size for the specimen is then estimdtedias

As such, it is determined thalscanedraivaried between 163 and 445 nm Witk 26.66 +
3.4%:;dscwarzp varied between 114 and 231 nm wifk 26.8/%6 + 5.8%; andspinodalike Varied
between 102 and 506 nm with~ 33.36 + 5.1%. Thesal values fall within the diameter
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range of nanoHIAMNI nanopillars that have been examined by the authors in their recent
work for detailed nanomechanical characterizati@@isapter 3) thus enabling physies
informed modeling of the mechanical behavior of these -aactutectures at the next

structural hierarchy.

Figure 4.4 Geometric properties of nanoarchitectures computed using experimentally
measured parameters via SEM and subsequent CAD remodeling. The relative density is set
equal 21.7% for the three nanoarchitectures used for this plot for fair comparison.



