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ABSTRACT 

Electrode structure is closely coupled with mechanical behavior, ion transport, and reaction 

uniformity during battery operation. In addition to conventional slurry-cast electrodes, 

emerging fabrication approaches provide new opportunities to study and design electrode 

architectures. This thesis investigates lithium-ion battery electrodes through two 

complementary perspectives related to the electrode structure: micro-scale mechanical 

characterization to elucidate degradation mechanisms and additive manufacturing of three-

dimensional (3D) micro-architected electrodes to investigate structure-transport 

relationships. 

In Chapters 2 and 3, the mechanical behavior of lithium-ion battery electrodes was 

investigated using nanoindentation and micro-pillar compression experiments. State-of-

charge-dependent mechanical properties of electroplated LiCoO2 (LCO) cathodes were 

quantified, revealing a decreasing tendency in elastic modulus and hardness during 

delithiation, which is attributed to the expansion of LCO layered structure. Fracture 

toughness distribution across the electrode thickness was analyzed to understand how 

structural heterogeneity contributes to the mechanical property landscape. In addition, we 

studied the deformation of lithium-based composite anodes, confirming that the Li/Na 

composite anode exhibits higher deformability at the electrode-electrolyte interface, which 

enhances interfacial contact.  

The interconnected pore structure and large surface-to-volume ratio of 3D architected battery 

electrodes render them promising for enhancing electrochemical performance via more 

efficient ionic transport. In Chapters 4 and 5, we develop a hydrogel infusion additive 

manufacturing (HIAM)-based approach to fabricate micro-architected LiFePO4 (LFP)/C 

composite electrodes with feature sizes down to 18 µm. The concomitant formation of carbon 

within the lattice enhances the mechanical strength, which preserves shape integrity of the 

3D structure during cell assembly and function. We designed electrodes with different 

geometries, including tilted cubes, honeycombs, and triply periodic minimal surfaces 

(TPMS), to probe the influence of geometric factors on electrochemical performance under 
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various charge-discharge rates. We propose an experimentally informed electrochemical 

model that demonstrates the roles of Li+ transport in the electrolyte and Li+ diffusion in the 

electrode in determining the utilization of active materials. This work introduces a versatile 

manufacturing platform for printing 3D battery components and provides insights into 

structure optimization for high-performance rechargeable batteries.  
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C h a p t e r  1  

INTRODUCTION 

1.1 Development of lithium-ion battery 

Lithium-ion batteries are playing an increasingly important role in modern society and have 

changed people’s daily lives, as these efficient, portable, and rechargeable energy storage 

devices are used in a wide range of applications. Over the past few decades, lithium-ion 

batteries with high energy density and long cycle life have been developed to support the 

widespread use of portable electronic devices, such as smartphones and laptops. Recently, 

with the rapid development of electric vehicles and their growing market demand, new 

lithium-ion battery systems are being studied to provide longer driving range, fast charging 

capability, and reliable operation. In addition, to achieve net-zero emissions by 2050, the use 

of renewable energy has been growing rapidly. As a result, energy storage systems are being 

further improved to meet the reliability requirements of the power grid with the intermittent 

electricity generation from renewable sources. Demand for lithium-ion batteries has grown 

from 19 GWh in 2010 to 285 GWh in 2019.1 As electricity accounts for a larger share of the 

energy used, stored, and transmitted in modern society, the demand for lithium-ion batteries 

is expected to continue increasing and may experience exponential growth in the next few 

decades.2   

The concept of Li-ion batteries was established in the 1970s. Lithium ions, with their low 

mass and small ionic size, were expected to maximize the energy-to-weight ratio and enhance 

current delivery capability.3 The breakthrough happened in 1980, when Goodenough et al. 

discovered LiCoO2 (LCO) as a layered oxide cathode that allows lithium ion 

intercalation/deintercalation at a high voltage of around 4V.4 This discovery enabled the 

commercialization of lithium-ion batteries in 1991 by Sony5, and since then, the development 

of lithium-ion battery materials has continued rapidly.  
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As one of the most expensive components, the cathode material largely determines the 

capacity and cost of lithium-ion batteries. Apart from LCO, other layered oxide materials, 

such as lithium nickel-manganese-cobalt oxide (NMC) and lithium nickel-cobalt-aluminum 

oxide (NCA), have been extensively studied and are widely used in consumer electronics. 

However, their dependence on cobalt, which is used to stabilize the material during cell 

cycling6, raises concerns regarding high cost, limited resource availability, and ethical 

supply-chain issues. These challenges have motivated efforts to develop cobalt-free cathode 

materials for sustainable lithium-ion batteries. Beyond Co-containing layered oxide 

materials, phosphates of transition metals are considered among the most promising cathode 

materials for cathodes. Their strong P-O frameworks preserve a stable olivine structure 

during charge-discharge cycles, thereby ensuring excellent cycling stability and safety. 

Among these, LiFePO4 (LFP) electrodes  have been intensively explored due to their inherent 

high thermal and chemical stability, long cycle life, low cost, and non-toxicity.7,8 

As for the anode side, graphite has been the dominant anode material since the 1990s. 

However, the theoretical capacity of 372 mAh/g limits its feasibility for high-energy 

applications9, motivating the exploration of alternative high-capacity anode materials. Li 

metal has the highest theoretical capacity (3860 mAh/g), low density (0.5 g/cm3), and the 

most negative electrochemical potential (-3.04 V vs. the standard hydrogen electrode) among 

lithium-ion battery anode materials.10 Therefore, it is one of the most popular anode materials 

for next-generation lithium-ion batteries. In fact, Li metal was used as an anode in the early 

stages of lithium-ion battery research. However, safety concerns arise when lithium dendrites 

grow, penetrate the separator, and result in short circuits. To mitigate dendrite propagation 

and side reactions of Li metal, solid-state electrolytes, including inorganic ceramic 

electrolytes, polymer electrolytes, and their composites, have attracted increasing attention 

due to their potential for higher energy density and improved safety.10 
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1.2 Electro-chemo-mechanical challenges in lithium-ion batteries 

Mechanical degradation of cathode active material is one of the main reasons for capacity 

fading and impedance growth in lithium-ion batteries over repeated charging and discharging. 

Cracks are observed at both grain boundaries and inside the grains of the cathode active 

material after cycling.11,12 Cracks formed in the cathode particles can electrically isolate parts 

of the active material, thereby reducing the battery capacity. Meanwhile, the lithium-ion 

transport distance in the active material is increased, resulting in increased impedance.13 As 

shown in Figure 1.1a, in 2020, Jiang et al. observed crack formation in LCO at twin 

boundaries and its propagation into the crystal along the (0003) planes using scanning 

transmission electron microscopy.12 The mechanical degradation in the cathode is generally 

attributed to the repeated crystal lattice expansion and anisotropic volume change during 

lithiation and delithiation, which can result in stress accumulation inside cathode particles. 

Figure 1.1b shows the crystal lattice expansion along the c-axis and the increase of cell 

volume in LCO measured by in-situ X-ray diffraction as the material is charged and the Li 

concentration decreases.14 Therefore, gaining insight into the mechanical properties of 

cathode active materials and how they evolve during battery cycling may contribute to 

improve battery durability and the development of predictive electro-chemo-mechanical 

models. 
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Figure 1.1 Cracks formation in LCO crystal. a) STEM-HAADF images of LCO particles 

with electrochemical cycling induced twin boundary deformation and cracking. Adapted 

with permission from reference [12]. Copyright 2020 Elsevier Ltd. b) Unit cell constants a, 

c, and cell volume as a function of lithium concentration x in LixCoO2. Adapted with 

permission from reference [14]. Copyright The Electrochemical Society, Inc.   

As discussed in the previous section, solid electrolytes are expected to mechanically suppress 

Li dendrite growth. In 2005, Monroe et al. suggested that a solid polymer electrolyte with a 

shear modulus roughly twice that of Li metal could suppress dendrite growth, based on linear 

stability analysis.15 However, Li dendrites are still found to penetrate solid electrolytes and 

cause short circuits, even though the shear modulus of the solid electrolytes should be 

sufficiently high to suppress their growth. In Figure 1.2a, the Li dendrites are initiated at the 

solid electrolyte-Li metal interface and propagate into the Li6.28La3Al0.3Zr2O12 (LLZO) 

electrolyte16, whose shear modulus is measured to be 61 GPa17, over ten times higher than 
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Li metal. This phenomenon can be explained by propagation of pre-existing interfacial 

defects. When Li metal fills in the interfacial flaws, the high current at the flaw tip and the 

accompanying volume increase generate stress that can open the crack.18 In addition, size 

effect is also observed in lithium metal, indicating a much higher strength of lithium dendrites 

at the nano- or microscale.19 On the other hand, during Li stripping, voids are generated when 

the current removes metal from the interface faster than it can be replenished by metal 

diffusion (Figure 1.2b).20 The accumulation of voids at the interface can cause loss of contact 

area and higher local current density, which eventually leads to cell failure. As shown in 

Figure 1.2c, a widely adopted strategy is to apply external pressure perpendicular to the cell 

stack and maintain interfacial contact via stress-driven plastic deformation of the anode metal. 

Under the stack pressure, the mechanics and deformation of the anode metal play an 

important role in governing the nucleation and propagation of metal filaments during 

plating21, as well as in maintaining low interfacial resistance at the metal/electrolyte interface 

during stripping20. 

 

Figure 1.2 Degradation of interface between lithium metal anode and solid-state electrolyte. 

a) Lithium dendrites grow into LLZO pellet. Adapted with permission from reference [16]. 

Copyright 2015 Elsevier B.V. b) Morphology of the lithium metal anode facing solid 

electrolyte after long-time stripping without pressure applied. c) Strategy to maintain 

interfacial contact via stress-driven plastic deformation of the anode metal. Adapted with 

permission from reference [21]. Copyright 2019 American Chemical Society. 
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1.3 Electrodes with designed 3D structures 

In commercial lithium-ion batteries, the electrode active materials are coated onto the current 

collectors in a slurry with conductive additives and binders. A 2D planar structure is used, 

where the anode, separator, and cathode are stacked layer by layer. When the battery is 

working, charge carriers must be transported through the separator and both electrodes. The 

rate performance is limited by several processes, as illustrated in Figure 1.3, including ion 

transport in both bulk electrolyte and electrolyte-filled pores, electrochemical reactions at the 

electrode/electrolyte interface, solid-state diffusion of ions in the active materials, and 

electronic transport within the electrodes.22  

Figure 1.3 Rate performance limitations of Lithium-ion batteries and possible improvements. 

Adapted from reference [22]. Licensed under CC BY 4.0 

These limitations become increasingly pronounced when efforts are made to improve battery 

capacity by increasing active material loading and using thick electrodes. The speed and 

efficiency of battery charging and discharging can be largely influenced by Li+ transport in 
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the thick electrodes, which represents  a key rate-limiting step in battery efficiency due to the 

material-dependent Li+ diffusion kinetics, thereby limiting electrode thickness and active 

material loading23,24. As shown in Figure 1.4, to address this problem and to facilitate faster 

Li+ transport, efforts have been made to incorporate anisotropic pores into thick electrodes25–

27, as well as to produce electrodes with desired 3D architectures.  

 

Figure 1.4 Low tortuosity thick electrodes. In order to provide the ion transfer pathways, 

vertically aligned pores are incorporated into thick electrodes. Adapted with permission from 

reference [25]. Copyright 2019 American Chemical Society. 

Methods such as self-assembly28–30, electrospinning31,32, electrodeposition33, and sacrificial 

templating34,35 have been reported to produce 3D architected electrodes, with key findings 

highlighting the critical roles of pore morphology and architectural design in improving ion 

transport kinetics and electrochemical performance. The inherently high surface-to-volume 

ratio of most 3D-architected electrodes also enables higher active material mass loading 

while preserving short solid-state ion diffusion distances, thereby offering the potential to 

break the trade-off between energy density and power density of batteries36. 

1.4 Additive manufacturing techniques for battery electrodes 

The development of advanced additive manufacturing techniques enables precise control 

over electrode dimensionality, shape, and pore structure.37,38 The traditional extrusion-based 

3D printing techniques, such as direct ink writing39–41 and fused deposition modeling42–44, 

have been used to prepare cathodes with designed 3D architectures since 2013 (Figure 1.5). 
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These traditional 3D printing techniques usually require introducing active material particles 

into the printing ink, especially for the cathode side, which may largely influence the printing 

resolution. The feature sizes of extrusion-based 3D printed cathodes are generally above 100 

μm41,43–45, higher than the Li+ diffusion distance in a reasonable charge-discharge time on the 

order of tens of microns24. The associated layer-by-layer stacking strategy inherent to 

extrusion-based printing also severely limits electrode thickness and geometric complexity.  

 

Figure 1.5 Extrusion-based 3D printing for lithium-ion batteries. a) Schematic illustration. 

b) LFP ink deposition through a nozzle. c) Printed and annealed 16-layer LTO-LFP 

electrode architecture. Adapted with permission from reference [39]. Copyright 2013 

WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim 

A relatively new 3D printing technique based on vat photopolymerization has been adapted 

to prepare 3D architected electrodes with complex shapes, which does not require pre-mixing 

active material particles into the resin. As shown in Figure 1.6a, within a digital light 

processing (DLP) 3D printer, the ultraviolet (UV) light is projected through a digital 

micromirror array and guided through a transparent window at the bottom of the photoresin 

tank. A layer of photoresin is polymerized by the UV light into a designed 2D pattern. As 

the build head moves upward, the 3D structure is cured layer by layer and attached to the 

previously printed body. This 3D printing technique offers a resolution finer than 10 μm and 

is capable of printing complex 3D structures, such as overhanging features.  
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In 2021, Saccone et al.46 dispersed aqueous solution of lithium sulfate hydrate in a UV-

curable photopolymer resin to form an emulsion resin and fabricated architected lithium 

sulfide/carbon (Li2S–C) cathodes with a 50 µm feature size and an octet-truss architecture. 

Yee, et al.47 synthesized an aqueous photoresin using lithium nitrate and cobalt nitrate 

solutions to print cubic lattice LCO cathodes with a feature size of ~100 µm (Figure 1.6a). 

Improving on this process, hydrogel infusion additive manufacturing (HIAM), illustrated in 

Figure 1.6b, was developed by infusing precursor ions into a pre-printed gel scaffold.48 The 

resolution is further improved due to the absence of  scattering and absorbing light by 

emulsion or precursor ions. Sun, et al.49 reduced the beam diameter in LCO cathodes to 45 

µm (Figure 1.6c) and achieved a significantly improved capacity of 127 mAh/g at C/5, 

compared with 94 mAh/g in the similarly produced LCO lattices with a 100 µm beam 

diameter. Despite these advantages, when vat photopolymerization is used to produce thick 

electrodes, the resulting structures often lack conductive additives, and beam cracking can 

electrically isolate active material. These effects hinder further reduction in feature size and 

limit high-rate capacity. In addition, to gain fundamental insights into the performance of 

3D-architected electrodes, it is important to uncover the mechanisms by which the 3D 

architecture influences the electrochemical performance of the produced electrodes and to 

quantify the dominant geometric factors that contribute to it. 
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Figure 1.6 3D printing techniques based on vat photopolymerization for architected 

electrodes. a) LCO lattice with ~100 µm beam diameter printed by DLP 3D printing with 

Li+/Co2+ containing photoresin. Adapted with permission from reference [47]. Copyright 

2020 Wiley-VCH GmbH. b) Schematic illustration for HIAM process. Adapted with 

permission from reference [48]. Copyright 2026 Springer Nature Limited. c) LCO lattice 

fabricated via HIAM with beam diameter of 45 µm. Adapted from reference [49]. Licensed 

under CC BY 4.0 

1.5 Summary: Challenges faced by lithium-ion batteries 

Lithium-ion batteries have become an integral part of people's daily lives, powering 

applications from portable electronics to electric vehicles. Their continued improvement is 
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closely related to the development of electrode materials. While commonly used cathode 

materials such as layered oxides offer high energy density, ongoing efforts aim to reduce 

dependence on costly elements such as cobalt and enhance sustainability. Transition meta 

phosphates, such as LFP, provide a more stable alternative. However, they are also facing 

challenges, including relatively low electronic conductivity and limited Li+ diffusion kinetics. 

On the anode side, graphite remains reliable and commercially dominant, while emerging 

lithium metal anodes present opportunities for significantly higher energy density, 

accompanied by the need for solid-state electrolyte and improved control of interfacial 

stability to ensure safe operation. 

In addition to materials innovation, battery performance is also influenced by coupled 

electrochemical, mechanical, and transport processes. Structure degradation during cycling 

of solid-state batteries under stack pressure can lead to capacity fading, motivating research 

to understand the mechanical behavior of electrode materials and stabilize the interface 

between electrode and electrolyte. Meanwhile, in thick electrodes designed for higher energy 

density, conventional electrode architectures face limitations in ionic transport and rate 

performance. To address this, advanced concepts such as 3D architected electrodes are being 

actively explored, offering new pathways to improve battery performance. Continued 

progress in materials design, interface engineering, and manufacturing techniques is 

supporting the development of next-generation lithium-ion batteries with improved energy 

density, rate capability, and safety.  
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C h a p t e r  2  

MECHANICAL CHARACTERIZATION OF ELECTRODEPOSITED LCO 

ELECTRODES 

2.1 Overview 

LCO is one of the most widely used cathode materials in commercial lithium-ion batteries 

and has been extensively applied in portable electronic devices. However, its mechanical 

degradation during electrochemical cycling can lead to electrode structure damage and is 

considered as one of the major factors responsible for capacity fading. Understanding the 

mechanical properties of LCO and their evolution during electrochemical cycling is therefore 

critical for improving battery durability and developing predictive electro-chemo-

mechanical models. 

Several modeling studies have indicated that the mechanical properties of LCO are strongly 

coupled with lithium concentration and thus dependent on its state of charge (SOC).50,51  

However, quantitative experimental measurements of how intrinsic mechanical properties 

evolve with SOC remain limited, particularly at the single-crystal or grain scale.52,53   

This chapter investigates the mechanical properties of electrodeposited LCO cathodes using 

in-situ nanoindentation combined with microstructure characterization. The elastic modulus 

and hardness of LCO are measured at different SOC to reveal the dependence of mechanical 

properties on lithium concentration during lithiation and delithiation. In addition, 

nanoindentation on focused ion beam (FIB)-milled cross section is used to evaluate the 

distribution of fracture toughness across the electrode thickness. Electron backscatter 

diffraction (EBSD) analysis is performed to identify the crystallographic orientation of the 

electrodeposited LCO grains. Such information is essential for understanding stress 
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generation during battery operation and for improving electro-chemo-mechanical models 

that describe degradation in lithium-ion battery electrodes. 

2.2 Nanoindentation on charged LCO cathode  

The electroplated faceted LCO electrodes at different SOC were supplied by Xerion 

Advanced Battery Corp. (Kettering, Ohio) and Braun research group at the University of 

Illinois Urbana-Champaign. The electrodes were fabricated according to the process detailed 

in a previous study.54 In this work, 100% charged LCO represents that 50% of the lithium is 

removed from the LCO crystal. The surface and cross-section SEM images of the pristine 

LCO samples electrodeposited on a metal foil are shown in Figure 2.1. The electrode 

thickness is around 19 µm. 

 

Figure 2.1 SEM images of electrodeposited LCO electrode a) surface and b) cross section. 

Scale bar = 10 µm. 

To prepare a smooth surface for nanoindentation experiments, the LCO cathode was 

mounted onto a SEM stub and polished inside an Ar glovebox. The samples were polished 

by 0.3 µm alpha alumina powder (Buehler Micropolish) on n-Heptane (anhydrous, 99+%, 

Alfa Aesar)-wetted polishing cloth. The alumina powder and polishing cloth were dried in 
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vacuum oven overnight before being transferred into the glovebox. After around 10 min of 

polishing, the LCO samples were ultrasonically cleaned with n-Heptane and wiped by a 

nonwoven wipe. To avoid exposure to air, the samples were transferred from glovebox into 

the SEM chamber by Vacushut sample transfer device (Vacushut; Agar Scientific) in a 

secondary container (Figure 2.2a, b). Under the vacuum environment inside the SEM 

chamber, the liquid IPA in the Vacushut bag vaporizes, causing the bag to expand and the 

lid to open. As shown in Figure 2.2c, the Vacushut was mounted onto the SEM sample stage 

with a custom-machined cube, with the sample surface 90° tilted relative to the beam 

direction and the lid opened automatically under vacuum environment. Then the sample 

stage is tilted by 4° to align the sample surface with the indenter.  

 

Figure 2.2 Charged LCO sample transfer and nanoindentation experiment set up. a) Vacushut 

sample transfer device with sample loaded inside. b) Hermetically sealed secondary 

container to transfer Vacushut between rooms. c) In-situ nanoindentation experiment set up 
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in a SEM chamber. d) LCO sample mounted on SEM stub by Crystalbond adhesive, with 

copper tape on top to electrically connect the sample with SEM stub. Scale bar = 400 µm. e) 

A Berkovich tip is used for nanoindentation tests. The indent position is selected inside the 

LCO grains. Scale bar = 10 µm. 

In-situ nanoindentation experiment was conducted through a nanomechanical instrument 

(InSEM; Nanomechanics, Inc.) combined with the SEM system (Quanta 200 SEM; FEI). As 

shown in Figure 2.2d, e, copper tape was applied on the polished sample to electrically 

connect the LCO with SEM stub, and the sample stage was tilted by 4˚ to align sample 

surface with the indenter. Standard Berkovich tip was used with a target strain rate of 0.05 s-

1. The depth limit was set as 500 nm. Continuous stiffness measurement (CSM) with target 

frequency of 100 Hz and dynamic displacement of 2 nm was applied to measure contact 

stiffness changing with indent depth. Indent position was selected inside grains, to avoid 

influence from grain boundary area. 

In the most widely used Oliver-Pharr data analysis procedure, the contact stiffness is only 

calculated using the data from the initial portion of unloading curve: 𝑆 =
𝑑𝑃

𝑑ℎ
|ℎ=ℎ𝑚𝑎𝑥, where 

P is the load and h is the indent depth. The contact depth hc is calculated based on sink-in 

correction: ℎ𝑐 = ℎ − 𝜀
𝑃

𝑆
, where ε is a constant dependent on the indenter geometry. For 

Berkovich tip, ε = 0.75. Under CSM mode, a small oscillation is superimposed on the primary 

loading signal (Figutre 2.3a), and the small unloading phase in each oscillation period allows 

a continuous measurement of contact stiffness. As shown in Figure 2.3b, the nano indenter 

system is simplified with an equivalent stiffness 𝐾 = (𝑆−1 + 𝐾𝑓
−1) + 𝐾𝑠 and an equivalent 

dashpot 𝐷 = 𝐷𝑖 + 𝐷𝑠, where S is the measured material contact stiffness. Kf and Ks are the 

load-frame stiffness and support springs stiffness. Di and Ds represent damping in the 

indentation head and in the sample. The contact stiffness is calculated by: 

 𝑆 = [
1

𝐹0
𝑧0

𝑐𝑜𝑠𝜙−(𝐾𝑠−𝑚𝜔2)
−

1

𝐾𝑓
]

−1

  (1) 
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Here, F0 is the excitation amplitude, z0 is the displacement amplitude, and 𝜙 is the phase 

angle between force and displacement. The indent column mass m and Ks are equipment 

constants calibrated by the manufacturer. Kf is calibrated together with the area function of 

our Berkovich tip by indentations into a standard fused silica sample and fitting the modulus 

result with Efused silica = 72 GPa (N = 10, Figure 2.4a).  

 

Figure 2.3 Continuous stiffness measurement. a) A small oscillation is superimposed on the 

primary loading signal for continuous measurement of contact stiffness. b) The indenter 

system and contact with samples are simplified with equivalent stiffness and equivalent 

damping. 

 



 
17 

 

 

Figure 2.4 Frame stiffness and area function calibration for CSM a) Modulus results from 

indentations into standard fused silica sample that are applied to calibrate frame stiffness and 

area function. b) Typical contact stiffness changing with depth of the 100% charged LCO 

sample. 

Elastic modulus can be calculated according to Equation (2) and (3).  

   𝐸𝑟 =
𝑆

2𝛽
√

𝜋

𝐴(ℎ𝑐)
 (2) 

  
1

𝐸𝑟
=

1−𝜈2

𝐸
+

1−𝜈𝑖
2

𝐸𝑖
  (3) 

Here Er is the reduced modulus that represents elastic deformation in both sample and tip. β 

is a geometric constant: β=1.034 for Berkovich tip. Ei and νi are Young’s modulus and 

Poisson’s ratio of the tip, respectively. For the diamond tip we used, Ei = 1070 GPa and νi = 

0.07. ν is the Poisson’s ratio of measured sample: νfused silica = 0.17. The calibrated frame 

stiffness is Kf = 1.4 ×105 N/m, with the area function: 

𝐴(ℎ𝑐) = 24.5ℎ𝑐
2 + 7604ℎ𝑐 − 178445ℎ𝑐

0.5 + 707154ℎ𝑐
0.25 − 564256ℎ𝑐

0.125                 (4) 

The typical contact stiffness as a function of depth of the 100% charged LCO sample is 

shown in Figure 2.6b. The maximum stiffness measured during this test is around 5.8×104 

N/m, which is close to the frame stiffness and indicates that calibration of frame stiffness 

needs to be conducted using the experimental setup. 

Poisson’s ratio of LCO was assumed to be ν = 0.3. The projected area of contact A was 

computed from the area function and the calculated contact depth hc. Hardness (H) was 

defined as Equation 5.  

 𝐻 =
𝑃

𝐴(ℎ𝑐)
  (5) 
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The indent impression of the 100% charged LCO from the same test of Figure 2.6b, the 

corresponding load-depth data set, and the measured elastic modulus and hardness changing 

with indent depth are included in Figure 2.5. Several displacement bursts, or pop-ins, were 

observed in the load-depth curve, corresponding to cracks occurring during the 

nanoindentation test52,55,56. The cracks were also observed in the SEM image of the indent 

impression. Significant drops in elastic modulus and hardness occurred at the depth where 

large pop-ins were detected, at 109 nm, 231 nm, and 427 nm for the test shown in Figure 2.5. 

The drops in stiffness were also observed at the position of 109 nm and 427 nm in Figure 

2.6b. Small pop-ins happened even before the depth reached 100 nm. These cracks can lead 

to lower modulus and hardness results with increasing indentation depth.56,57 To avoid 

influence from cracks that occurred during nanoindentation and compare the mechanical 

properties between samples with different SOC, elastic modulus and hardness were collected 

at 50 nm indentation depth. 

 

Figure 2.5 Representative nanoindentation results from a 100% charged LCO sample. a) SEM 

image of an indent impression from the 100% charged LCO sample. Scale bar = 2 µm. b) 

The corresponding load-depth data set. c) Measured elastic modulus and hardness changing 

with indent depth. 

2.3 Effect of lithiation and delithiation on mechanical properties  

In addition to the 100% charged LCO cathodes, in-situ nanoindentation experiments were 

conducted on 50% charged, 75% charged, 50% discharged, 100% discharged, and the 
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pristine LCO cathode to investigate the effect of lithiation and delithiation on their 

mechanical behavior. The typical load vs. depth curves, together with the indent impressions 

from the same tests, are shown in Figure 2.6, where cracks were observed during indentation 

tests in every group of samples. 

 

Figure 2.6 Nanoindentation load-depth data sets and the corresponding indent impressions 

from the pristine LCO sample, as well as samples that are 50% charged, 75% charged, 50% 

discharged, and 100% discharged. Scale bar = 2 µm. 

The average values of elastic modulus and hardness with different SOC are summarized in 

Figure 2.7 (n=10), revealing that the modulus and hardness decrease when LCO is charged 

and recover to a value close to the pristine LCO when it is fully discharged. The elastic 

modulus of the pristine LCO is measured to be 119.0 ± 24.7 GPa, which then decreases 

linearly with increasing SOC. The fully charged LCO cathode displays a modulus of 87.5 ± 

7.4 GPa, showing a 26% reduction compared to the pristine sample. We also notice that when 

the sample is fully discharged and the first cycle is finished, the elastic modulus recovers to 

115.6 ± 8.9 GPa, a value similar to the pristine LCO. The same tendency is observed in the 

hardness of the electrodeposited LCO cathodes. The hardness experiences a 33% decrease 

from 8.9 ± 4.0 GPa to 6.0 ± 1.1 GPa when the LCO is fully charged and then recover to 9.6 

± 2.1 GPa after 100% discharging. While there is no obvious change in modulus or hardness 
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after the first cycle, nanoindentation tests are also conducted on LCO sample after 60 cycles, 

100% discharged. After 60 cycles, the electrodeposited LCO exhibits around 20% decrease 

in modulus and 30% decrease in hardness compared with bare LCO and fully discharged 

LCO after 1st cycle, showing a modulus of 96.7 ± 8.0 GPa and a hardness of 6.8 ± 1.6 GPa.  

 

Figure 2.7 Elastic modulus and hardness of LCO with different SOC. 

In 2012, Qu et al. reported modulus in the range of 151-236 GPa and hardness of 11.7 ± 3.8 

GPa by nanoindentation on individual grains of dense LCO ceramic pellets after sintering, 

with indent load of 2 mN at around 100 nm depth.55 No detectable crack formed during their 

indentation under 2 mN load. In comparison, our pristine LCO sample shows a modulus 21% 

below the lower limit and a 23% lower hardness, despite that our nanoindentation tests were 

done along the near-[110] orientations, which is expected to show higher modulus than the 

crystal orientations closer to c-axis according to the theoretical calculation based on a strain 

energy approach.50 More detailed characterization and discussion about the crystallographic 

orientation of the electrodeposited LCO sample is provided in section 2.5. The low 

mechanical properties of this electrodeposited LCO cathode can be attributed to the 

vacancies formed between the LCO grains during electrodeposition. Gaps are observed along 

the grain boundaries in Figure 2.5 and 2.6. Porosity under 10% can lead to significant drop 

in modulus and hardness of ceramic materials.58,59 Although we have carefully selected the 

indent position inside the grains, the small width of less than 5 µm of the LCO crystal 
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platelets does not allow enough space to completely avoid the influence from the week grain 

boundary area.  

To better understand the morphology influence on LCO mechanical properties, 

nanoindentation mapping was conducted using FemtoTools (FemtoTools AG; FT-NMT04) 

on a 50 μm × 50 μm area of a pristine LCO sample with a larger grain size (Figure 2.8a, b).  

The indent position was set in an array with point spacing of 2 μm. The load rate was set as 

0.1 μm/s and the depth limit was 200 nm, which is ten times smaller than the point spacing. 

As shown in the hardness and modulus maps overlapped with SEM images in Figure 2.8c 

and d, the regions near grain boundary are mainly in blue and purple colors which represent 

lower hardness and modulus compared with the grain interior. 

 

Figure 2.8 Nanoindentation mapping on pristine LCO sample with a larger grain size. a) A 

SEM image of the 50 μm × 50 μm polished LCO surface for nanoindentation mapping. b) A 
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zoomed-in SEM image of the indent impression. Indent position is set in an array with point 

spacing of 2 μm. c) Hardness and d) modulus maps calculated based on the nanoindentation 

result and overlapped with the SEM image. 

The decrease of mechanical properties in charged LCO can be attributed to deintercalation 

of Li from the LCO crystal and the expansion of the layered structure along c-axis. In 2015, 

Wu et al. revealed a linear relationship between the Young’s modulus and ultimate strength 

of LixCoO2 with the Li concentration in LCO crystal using first principles calculations.50 The 

calculation results indicate that the deintercalation of Li from the layered crystal structure 

causes a weaker Co-O bond, thus leading to decreased mechanical properties. 

Experimentally, Swallow et al. showed a 40% decrease of modulus and a 50% decrease of 

hardness in charged LCO, through nanoindentation on dense and sintered LCO pellets.52 

However, their modulus and hardness did not decrease with further charging, and all of the 

charged samples with charging times varying from 50 to 500 hours at C/1000 charge rate 

exhibited similar mechanical properties. It was found that the surface of the dense, thick LCO 

pellets was overcharged, and the degradation of mechanical properties was caused by 

microstructural damage of the polycrystalline samples, together with chemical expansion and 

phase changes occurring upon lithium deintercalation.  

In this work, a linear decreasing tendency in both modulus and hardness with SOC is detected. 

Recovery of modulus and hardness in the discharged samples indicate that the effect from 

the possible cracks that occur during charge/discharge process is negligible, at least for the 

first cycle. Therefore, the linear decrease in elastic modulus and hardness with increasing 

SOC is likely due to Li deintercalation and expansion of the layered structure along c-axis, 

reflecting changes in the intrinsic properties of the material. Additionally, the ~ 20% decrease 

in modulus and ~30% decrease in hardness after the 60th cycle can be attributed to the 

microstructural damage that happened during long-term cycling. 
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2.4 Distribution of fracture toughness through electrode cross-section  

Fracture toughness serves as a key material parameter for predicting crack stability and its 

propagation under stress. To understand how structural heterogeneity and electroplating 

contributes to the mechanical property landscape, we performed nanoindentations on a cross-

sectional LCO sample using a Berkovich indenter tip in a nanoindenter (FemtoTools AG; 

FT-NMT04). To prepare a smooth plane on the cross-section of LCO sample for 

nanoindentation test, FIB milling (FEITM; Versa 3DTM DualBeamTM) was used to polish 

an area of around 200 μm × 15 μm. The ion beam direction was perpendicular to the LCO 

surface with an accelerating voltage of 30keV. 50nA, 10nA, and 5nA ion beam currents were 

applied sequentially to reduce the roughness. The SEM images of the FIB-milled cross 

section are shown in Figure 2.9a and b. 

  

Figure 2.9 Experimental set up for nanoindentation on LCO cathode cross-section. a, b) SEM 

images of FIB-milled cross-section for nanoindentation tests. c) A Berkovich diamond tip is 

used to conduct tests and the metal layer under the LCO is used as reference to find contact. 

d) SEM image of the LCO electrode cross-section after nanoindentation. The residual indents 

are marked as red triangles. e) An individual indent mark. 
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In-situ nanoindentation test on the FIB milled cross section was conducted with a Berkovich 

diamond tip inside the SEM system and the metal layer under the LCO was used as reference 

to find contact (Figure 2.9c). The indentation positions were set in lines perpendicular to the 

sample’s surface, with 4 points in each line at different layers (Figure 2.9d). The point 

spacing in a line was 4 μm, and the lines were separated by more than 10 μm. Load was 

applied with a rate of 100 μN/s till the depth limit (400 nm) was achieved. Figure 2.9e depicts 

the remaining indentation marks with radial and lateral cracks emanating from the sharp 

corners, which serve as sufficiently high stress concentrations for crack initiation. A typical 

load vs. displacement curve is shown in Figure 2.10. Several displacement bursts, or pop-ins, 

are observed in the curve, corresponding to cracks that formed during the nanoindentation 

test.  

 

Figure 2.10 Typical load-displacement data of nanoindentation test on LCO cross-section. a) 

Load-displacement curve with pop-ins corresponding to cracks. The red dotted line shows a 

polynomial fitting of the load-displacement curve prior to the first pop-in. b) Definition of 

the real displacement with pop-ins hm and the extra displacement caused by the crack hx. 

The fracture toughness (KIc) can be determined via the indentation-induced pop-ins60,61, and 

this pop-in method has been used to measure KIc of LCO electrodes52,55. Crack length c was 

calculated based on the displacement burst as 
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 𝑐 = √2ℎ𝑚 + (𝑄
𝐸

𝐻
− √2)ℎ𝑥 (6) 

Here hm was the real displacement with pop-ins and hx was the extra displacement caused by 

the entry of the tip into the crack. Definition of hm and hx is illustrated in Figure 2.10b. The 

red dotted line represents the polynomial fit of load-displacement curve before the first pop-

in. The indentation load P used to determine hm and hx was in the range of 600-6000 µN 

before the second pop-in was observed. Q is a unitless constant of 4.55 according to Field’s 

work.61 Fracture toughness of different layers was then calculated as  

 𝐾𝐼𝑐 = 𝑘(
𝐸

𝐻
)

1

2
𝑃

𝑐3/2 (7) 

Research has shown that the constant k mainly depends on the geometry of the indenter 60,62. 

Following Jang’s work62, we estimate k = 0.028 from Equation (8), where Ψ is the half 

opening angle of the indenter (Berkovich tip Ψ = 65.3°). 

 𝑘 =
0.0352

(1−𝜈)
(𝑐𝑜𝑠Ψ)

2

3 (8) 

We find that in its pristine state, the electrode displays a similar fracture toughness along its 

height, with the average toughness ranging from 0.73 to 0.75 MPa·m0.5, with the layer 

adjacent to the current collector having a higher fracture toughness of 1.00 ± 0.16 MPa·m0.5 

(Figure 2.11a). The lower porosity near the current collector can explain the greater fracture 

toughness in that location compared to the rest of the electrode (Figure 2.12a). 

After delithiation to 3.6 V vs. LiIn (4.2 V vs. Li), fracture toughness around the current 

collector decreases to 0.8 MPa·m0.5, a 20% decrease compared to pristine LCO (Figure 

2.11b). The fracture toughness measured along the electrode cross-section, at distances of 5, 

9, and 13 µm from the current collector, are distributed in the range of 0.66 to 0.77 MPa·m0.5. 

Studies of lithium transition metal oxides have observed a similar reduction in fracture 

toughness after charging and attributed it to charging-induced Li depletion, residual stress, 

and micro-crack generation.52,57 Our results indicate that the material in the vicinity of the 



 
26 

 

 

current collector experiences the largest change in fracture toughness of 20% and lowest 

active material utilization (minimal delithiation), which suggests that Li depletion is unlikely 

to be the root cause for the fracture toughness variation. Most likely, it is the creation of pores, 

nano-cracks, and voids that drive fracture toughness reduction. This is consistent with our 

observation that the fracture toughness becomes more uniform throughout the remaining 

thickness of the LCO electrode, following the porosity gradient (Figure 2.12a, b). 

 

Figure 2.11 Fracture toughness, calculated from displacement bursts (pop-ins) in load-

displacement data corresponding with crack formation, as function of distance away from 

sample surface for (a) pristine (n = 7) and (b) charged LCO (n = 4-6). 
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Figure 2.12 Porosity variation along the thickness in LCO electrode a) pristine and b) 

charged, with position 0 at the current collector surface. 

2.5 Crystallographic orientation of electrodeposited LCO 

LCO crystal’s mechanical properties are largely dependent on crystallographic orientation, 

and the electrodeposited samples usually have preferred grain growth direction. Therefore, 

it is important to identify the crystallographic texture of the electrodeposited LCO cathodes. 

EBSD measurements were conducted on both LCO surface and cross-section, which were 

progressively polished by 0.3 μm and 0.05 μm alpha alumina powder (Buehler Micropolish). 

EBSD maps were acquired at an accelerating voltage of 20 kV using the EBSD detector 

(HKL Nordlys II, Oxford Instruments) in a SEM system (LEO 1550 VP, Zeiss). The 

specimen was tilted to 70° with respect to the beam normal and the step size was set as 0.08 

μm. Lattice parameters used for crystallographic evaluation are listed in Table 2.1. 
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Table 2.1 Lattice parameters for LCO used in EBSD analysis63 

Lattice parameters 

Space group/number R-3mH/166 

a, b (nm) 2.8147 

c (nm) 14.0466 

α, β (°) 90 

γ (°) 120 

 

Figure 2.13a contains the SEM image of the polished sample surface with the EBSD test 

region outlined by a rectangular dashed line. The grain orientation map of the sample surface 

is shown in Figure 2.13b, with color based on the specimen z-axis inverse pole figure. The 

average mean angular deviation (MAD) value over the whole set of electron backscatter 

diffraction patterns on sample surface was 0.69°, with an indexing rate of 38.61%. Inverse 

pole figure and pole figure were generated based on the EBSD orientation measurements 

(Figure 2.3d, e). Inverse pole figure in Z0 direction (surface normal) revealed a dominant 

(110) texture out of the surface plane, with significant intensities at near-[110] orientations. 

As shown in the {001} pole figure, the [001] crystal direction mainly arranges in the X0-Y0 

plane, which is the surface plane of the sample.  

The EBSD result of the mechanically polished cross-section is shown in Figure 2.14, with a 

MAD value of 0.70° and an indexing rate of 39.03%. The grain orientation map is colored 

based on Z0 inverse pole figure, with Z0 direction normal to the cross-section plane (Figure 

2.3b, c). Inverse pole figure in Y0 direction shows significantly high intensity at the [110] 

orientation (Figure 2.14d), and the [001] crystal direction lays in the X0-Z0 plane according 

to the {001} pole figure (Figure 2.14e). This result is consistent with the sample surface, 

indicating a preferred orientation of [110] out of the electrodeposited LCO sample surface 

and the crystal c-axis randomly arranged in the surface plane. 



 
29 

 

 

 

Figure 2.13 EBSD analysis on LCO sample surface. a) SEM image of the polished sample 

surface for EBSD measurement. b) Grain orientation map colored based on the specimen z-

axis inverse pole figure. c) LCO crystal orientation index. d) Inverse pole figure in Z0 

direction (surface normal). e) {001} pole figure. 
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Figure 2.14 EBSD analysis on LCO cathode cross-section. a) SEM image of the polished 

cross-section. The EBSD test region is outlined by a rectangular dashed line. b) Grain 

orientation map colored based on the specimen z-axis inverse pole figure. c) Specimen 

coordinate system for the test on cross-section. d) Inverse pole figure in Y0 direction (surface 

normal) and Z0 direction (normal to the cross-section). e) {001} pole figure. 

2.6 Summary 

To determine the mechanical properties of charged LCO crystals and avoid the effects of 

grain boundaries and air-exposure, in-situ nanoindentation experiments were conducted in a 

custom mechanical testing system within a SEM. Our results show a decrease in elastic 

modulus and hardness with increasing SOC, which can be attributed to the deintercalation of 

Li from the crystal lattice and the expansion of the layered structure of LCO. The recovery 

of mechanical properties during discharge indicates that the changes in measured mechanical 

properties mainly originate from changes in Li concentration rather than intergranular 

fracture during cycling. The fracture toughness at various depths in the LCO electrode is 

determined via nanoindentation on FIB-milled cross section and calculated based on the 

displacement caused by crack formation. After delithiation, the fracture toughness in the 

layer closest to the current collector decreases by 20%, driven by the formation of pores, 

nano-cracks, and voids during charging. Considering the anisotropy of the LCO, EBSD 

analysis is utilized to clarify the preferred crystallographic orientation of the electrodeposited 

LCO cathode, enabling the correlation between crystallographic orientation and measured 

mechanical properties. By establishing the relationship between mechanical properties and 

the degree of delithiation, this work provides experimental insights for understanding 

mechanical degradation and for informing electro-chemo-mechanical modeling of lithium-

ion battery electrodes.  
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. C h a p t e r  3  

DEFORMATION OF LITHIUM-BASED COMPOSITE ANODES 

3.1 Overview 

In lithium metal batteries with solid electrolyte, the deformation behavior of lithium anodes 

under externally applied stack pressure plays an important role in influencing dendrite 

growth and interfacial stability. Alkali metals, such as lithium and sodium, crystallize in a 

body-centered cubic (BCC) structure. Metallic lithium and sodium are both known to exhibit 

size effects, leading to size-dependent mechanical performance at reduced length scales. In 

practical solid-state batteries, both lithium dendrites and interfacial voids typically develop 

at submicron to micron scales, where such size effects may significantly influence 

deformation behavior. However, experimental characterization of the micromechanical 

properties of Li and Na remains limited due to their high chemical reactivity and the stringent 

environmental control requirements.  

This chapter investigates the deformation behavior of two types of lithium-based composite 

anodes designed to mitigate interfacial degradation in solid-state batteries (Figure 3.1). The 

first system is a Li/ reduced graphene oxide (rGO) composite anode, where the carbon-based 

framework beneficially functions as a bridging material to deliver Li and retain contact with 

the electrolyte during Li stripping, thus enhancing the stripping capacity at low stack 

pressure.64 The second system is a Li/Na composite anode, in which sodium is expected to 

serve as a soft metallic filler that enhances the deformability of the composite electrode and 

maintains the interface contact without requiring high stack pressures.65 
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Figure 3.1 Schematic illustration for the a) Li/Na composite anodes and b) Li/rGO composite 

anodes. 

The deformation behavior of lithium-based composite anodes is investigated using in-situ 

micro-scale mechanical characterization. Micro-pillar compression experiments are 

conducted on Li/rGO composite anodes with different carbon contents. The results reveal 

that increasing rGO content introduces hollow regions that significantly reduce the modulus 

and strength of the composite pillars. In addition, nanoindentation experiments are performed 

on Li/Na composite anodes to evaluate the mechanical response of the composite system. 

The results show that introducing Na into the Li matrix reduces the elastic modulus of the 

composite while the hardness remains in a similar range of 9.5-11.8 MPa whichis higher than 

the bulk material due to size effect. Site-specific indentation of individual phases further 

reveals that the Na phase exhibits ~54% lower hardness than Li phase under 500 nm indent 

depth, suggesting that the soft Na filler can more easily deform during lithium stripping, 

thereby reducing void formation and improving interfacial contact with the solid electrolyte. 

3.2 Micro-pillar compression of lithium-graphene oxide anodes  

The deformation behavior of Li/rGO anodes with 3.9 wt%, 7.6 wt%, 9.9 wt%, 13.2 wt%, and 

18 wt% carbon fractions, along with pure Li metal, was studied via uniaxial compression 

experiments on FIB-milled micro-pillars. The composite films were mounted onto SEM 

stubs inside an argon glovebox, and the sample surface was cleaned by a razor blade. To 

avoid exposure to air, the samples were transferred from glovebox into the SEM chamber by 

Vacushut sample transfer device. As shown in Figure 3.2a, the sample stage was tilted by 
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52˚ from the e-beam direction with the sample surface facing the ion-beam column. The 

micro-pillar was prepared at the edge of the surface by Ga-ion FIB milling in VERSA 3D 

DualBeam SEM (Figure 3.2b, c). The aspect ratio of the micro-pillar was controlled to be 

around 2:1, with diameters in the range of 5-6 µm. 

 

Figure 3.2 Preparation of Li/rGO micro-pillars. a) Experimental setup in a SEM chamber. 

Li/rGO is loaded in Vacushut with the lid automatically opening under vacuum environment. 

Sample stage is tilted by 52° to align the sample surface with the ion-beam column. b) SEM 

image of a micro-pillar prepared on the edge of 3.9 wt% C sample surface. c) Zoomed-in 

SEM image of the micro-pillar prepared via FIB milling.  

Using the pillar prepared on the 3.9 wt% C sample as an example, the C, O, and Ga element 

maps from energy-dispersive X-ray spectroscopy (EDS) analysis (Bruker XFlash, Bruker 

ESPRIT) are included in Figure 3.3. The element maps show remaining oxygen 

contamination and gallium deposition on the top layer of the micro-pillar, while the side face 

of the pillar is clean and the pillar under the surface layer was not contaminated by Ga-ion. 

Vacushut was then loaded on a cube to tilt the sample by 90° and ion beam with high current 

(30nA) was used to polish away the top layer of micro-pillar (Figure 3.4). 
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Figure 3.3 Carbon, oxygen, and gallium element maps from EDS analysis of a micro-pillar 

after Ga-ion FIB milling.  

 

Figure 3.4 Removal of the contamination layer by high-current FIB milling. a) Vacushut is 

loaded on a cube to tilt the sample by 90° from the ion-beam direction. Ion-beam images b) 

before and c) after high-current FIB milling to remove the contamination layer. Inset in b) 

52° tilted SEM image of the pillar before high-current FIB milling. The contamination layer 

on top of the pillar is outlined by a rectangular dashed line. 

The Li/rGO micro-pillar was transformed to SEMentor by Vacushut and compressed using 

a diamond flat punch tip with 5 μm diameter. The strain rate was set as 1×10-3 s-1. Sneddon’s 

correction was applied to eliminate the deformations of indenter and substrate according to 

the equation: 

 ∆𝑥𝑝𝑖𝑙𝑙𝑎𝑟 = ∆𝑥𝑡𝑜𝑡𝑎𝑙 −
(1−𝜈𝑠𝑢𝑏

2 )∙𝑓

2𝐸𝑠𝑢𝑏∙𝑟𝑏𝑎𝑠𝑒
−

(1−𝜈𝑖𝑛𝑑
2 )∙𝑓

2𝐸𝑖𝑛𝑑∙𝑟𝑡𝑜𝑝
 (9) 

Here, ∆xtotal was the measured displacement and f was the load. For the diamond tip, the 

Young’s modulus and Poisson’s ratio of the indenter were Eind = 1141 GPa and νind = 0.07. 
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Poisson’s ratio of substrate was assumed to be νsub = 0.36 for Li metal. Young’s modulus of 

substrate, Esub, was estimated from the slope of elastic segment of engineering stress-strain 

curve. The radius of the loaded area at the base rbase, and at the top rtop were measured from 

the SEM image of the pillar. The engineering stress-strain curves for the micro-pillars 

fabricated on the Li/rGO films with carbon fractions varying from 3.9 wt% to 18 wt%, as 

well as the pure Li micro-pillar, are shown in Figure 3.5. After full contact was established, 

all of the samples exhibited an elastic loading segment followed by plastic flow, ultimately 

ending in catastrophic failure.  

The mechanical properties are summarized in Figure 3.6. The Young’s modulus (E) was 

obtained from the slope of elastic segment of loading curve. The yield strength (σ0.2%ys) is 

defined as the stress that will result in a plastic strain of 0.2%. And the flow stress (σflow) is 

defined as the stress at which the first significant strain burst occurs. The pure Li metal 

exhibits an average Young’s modulus of 2.6 GPa, yield strength of 31 MPa, and flow stress 

of 43 MPa. The mechanical properties of Li/rGO anodes with high carbon fraction (13.2wt% 

and 18wt%) show significant decrease compared with the pure Li metal. For example, the 

sample with 13.2 wt% carbon shows E = 0.72±0.18 GPa, σ0.2%ys = 16±3 MPa, and σflow = 

22±7 MPa, which are 72%, 48%, and 49% smaller than pure Li metal, respectively. 
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Figure 3.5 Engineering stress-strain curves for the micro-pillars fabricated on the Li/rGO 

films with carbon fractions of 0 wt%, 3.9 wt% 7.6 wt%, 9.9 wt%, and 18 wt%. 

 

Figure 3.6 Mechanical properties as a function of carbon fraction. a) Young’s modulus, b) 

yield strength, and c) flow stress measured from the micro-pillars changing with carbon 

fraction. 

Due to the diversity of experimental methods and test environments, the elastic modulus for 

polycrystal bulk Li has been reported in a wide range of 1.9-7.9 GPa.66–68 In 2023, 

Darngrough et al. reported that the Li elastic modulus measured by nanoindentation testing 
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of individual grains varies from 3 GPa to 28 GPa, depending on the crystal orientation.69 

Although we were not able to measure the crystal orientation of  the Li pillars we tested on, 

our result shows a relatively low Young’s modulus of 2.6 GPa for pure Li metal, which is 

close to the reported value of E = 3.0±0.5 GPa from a {0.1 0 1} grain69 and the lower limit 

of 3.1 GPa along [100] crystal direction among different orientation, calculated via the 

equation for bcc metal: 

 
1

𝐸ℎ𝑘𝑙
= 𝑆11 − 2(𝑆11 − 𝑆12 −

1

2
𝑆44) ∙

ℎ2𝑘2+ℎ2𝑙2+𝑘2𝑙2

(ℎ2+𝑘2+𝑙2)2  (10) 

Here h, k, and l are the miller indices and the elements of compliance matrix S11, S12, S44 are 

calculated based on the room temperature elastic constant C11, C12, C44
70. The Young’s 

modulus consistent with pristine Li also suggests that the possible atmospheric 

contamination did not significantly affect the measured mechanical response. Different from 

the elastic modulus, the plastic properties of Li metal show obvious size effect. While the 

yield strength of bulk Li is reported in the range of 0.41-1.26 MPa66,71,72, the value can 

increase by two orders of magnitude when measured in micro- or nano-scale. Xu et al. 

demonstrated that the yield strengths increase from 15 to 105 MPa at room temperature with 

pillar diameter decreasing from 9.45 to 1.39 µm by uniaxial compression experiments.19 The 

size effect in Li metal is also detected by nanoindentation72,73, and we will discuss in more 

detail in section 3.2. This work shows a flow stress of 43 MPa for pure Li metal, which is 

consistent with Xu’s result of ~50 MPa from an un-oxidized 4.17 µm Li pillar.  

The low modulus and strength in high C loading samples are attributed to the hollow 

structure in the graphene influenced region. The rGO sheet position was determined via 

carbon element mapping from EDS analysis on a FIB-milled cross-section by the Li/rGO 

film edge (Figure 3.7b). In Figure 3.7a, the corresponding SEM image shows that the 

graphene influenced region is highly porous compared with pure Li area. The hollow 

structure remained in the pillar that was prepared in the same region and was marked with 

the red circle in Figure 3.7c. We also notice that the size of rGO sheet and the spacing 
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between the sheets are in the range of several micrometers for the Li/rGO film with 13.2wt% 

C, which are comparable with the pillar diameter. Therefore, the mechanical behavior 

measured from the micro-pillars on Li/rGO films may largely be influenced by the individual 

pillar’s position. Whether or not a hollow graphene region is included in the pillar and the 

hollow region fraction can significantly affect the test result. For low carbon loading samples, 

likely no graphene region is included in the micro-pillars, so that their deformation behavior 

is identical with Li metal. The SEM images before and after compression test of a pure Li 

pillar and a Li/rGO composite pillar with 7.6 wt% C are included in Figure 3.8. The video of 

representative compression test and corresponding load-displacement curve are provided in 

Supplementary Material. In pure Li micro-pillars, the initial displacement burst happened 

with a shear avalanche via single slip. In comparison, for the Li/rGO composite pillars, 

multiple cracks occur in the hollow region, resulting in lower modulus and yield strength in 

high carbon loading sample. 

 

Figure 3.7 Hollow structure in the graphene influenced region. a) A 52° tilted SEM image of 

a FIB-milled cross-section including the graphene influenced region. b) Carbon element map 

from EDS analysis showing rGO sheet position. c) A SEM image of the micro-pillar prepared 

on the same region. The graphene influenced hollow regions are marked with red circles. 
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Figure 3.8 SEM images before and after micro-pillar compression tests. SEM images of a 

pure Li pillar a) before and b) after shear avalanche via single slip. SEM images of a Li/rGO 

composite pillar c) before and d) after cracks in the hollow region. 

3.3 Nanoindentation on lithium-sodium anodes 

In-situ nanoindentation experiment was conducted through the nanomechanical instrument 

(InSEM; Nanomechanics, Inc.) combined with SEM system (Quanta 200 SEM; FEI) on 

Li/Na composite films with 2.5 at.% and 20 at.% Na, as well as on pure Li and Na metal. 

The sample surface was cleaned by a razor blade inside an argon glovebox, and the sample 

thickness is larger than 100 µm. A Berkovich tip was used with target strait rate of 0.05 s-1 

for the nanoindentation tests. The depth limit was set as 2 µm and the tip was held at 

maximum load for 1 s. Figure 3.9a shows the 2.5 at.% Na sample cross-section, where clearly 

identifiable phases can be observed: the bright region corresponds to Na, and the dark matrix 

is Li.  
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Figure 3.9 Nanoindentation tests on Li/Na composite films. a) A Berkovich tip is used for 

nanoindentation tests on Li/Na composite film. SEM images of the indent impression from 

b) pure Li and c) 2.5 at.% Na composite film. Inset in b) Illustration of pile-up and sink-in 

effects. 

The data analysis process is the same as presented in section 2.2. The only difference comes 

from the correction of so-called pile-up effect, or the additional extruded material around the 

nanoindentation boundary that the residual nanoindentation impressions indicate in Figure 

3.9b and c. Due to the large E/H ratio of Li and Na, pile-up effect has been observed in both 

metals.72,74 Such pile-ups have been associated with a deeper contact depth (hc) compared to 

the measured indenter penetration depth (h). For example, Fincher et al. showed that the 

measured nanoindentation depth in Li metal that exhibits pile-up can be underestimated by 

11%.72 The underestimation of contact depth will result in an overestimated modulus and 

hardness. The contact depth of 2 µm indentations on pure Li and Li/Na composite were 

calculated from the impression images on pure Li and 2.5 at.% Na samples, respectively. The 

hc/h ratios of 1.11 ± 0.07 (N = 10) for Li and 1.09 ± 0.05 (N = 7) for Li/Na composite were 

then used to correct the depth when calculating the modulus and hardness. In order to image 

the impression area, samples need to be taken out of SEM chamber and tilted by 90°. It is 

difficult to get impression images of Na metal and samples with high Na concentration, 

because Na is so reactive that it reacts with air during this short process (Figure 3.10). 

Therefore, we assumed hc/h = 1.06 for Na according to Fincher’s work.74  
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Figure 3.10 SEM images of a) pure Li, b) 2.5 at.% Na, c) 20 at.% Na, and d) pure Na samples 

after being taken out of SEM chamber for a short period. Scale bar = 100 µm.   

As shown in Figure 3.11a and b, moduli and hardnesses of the samples with different Na 

concentrations saturated at contact depth of around 1 µm. The relatively larger moduli and 

hardnesses in low depth region can be attributed to the size effect of nanoindentation.19,69,72,74 

To compare the mechanical properties between different samples, the average values were 

collected at 1.8-1.9 μm depth, with 9-10 tests on each sample. In Figure 3.11c, the result 

shows a reduction in modulus when Na filler is introduced into Li matrix. The dot line 

represents the estimated modulus if we assume having Na fibers in Li matrix perpendicular 

to the load direction and calculate based on the equation: 

                                                                      
1

𝐸
=

𝑣𝑁𝑎

𝐸𝑁𝑎
+

𝑣𝐿𝑖

𝐸𝐿𝑖
  (11) 

Here vNa and vLi are the volume fraction of Na and Li phases. ENa = 2.1 ± 0.3 GPa and ELi = 

5.0 ± 0.5 GPa are the elastic modulus measured from the pure Li and Na samples. And our 

experimental results of the composite films: ELi/Na2.5 = 4.2 ± 0.2 GPa, ELi/Na20 = 2.9 ± 0.2 GPa 

agree with the estimated value. The hardness shows no obvious change, with all of the 

samples exhibiting hardnesses in the range of 9.5-11.8 MPa. We also noticed a relatively 

high hardness of Na at low depth, which can be attributed to the size effect and possible 

influences from a different hc/h at low depth.  
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Figure 3.11 Modulus and hardness of Li/Na films. a) Modulus and b) hardness changing with 

indent depth for pure Li, 2.5 at.% Na, 20 at.% Na, and pure Na films. c) Moduli as function 

of Na volume fraction. 

To determine the hardness of the individual Li and Na phases in the composite anode, we 

performed in situ nanoindentation into site-specific individual Na and Li regions within the 

20 at.% Na composite material. This experiment also helps us determine the hc/h value for 

Na phase in the composite at low depth. Nanoindentation was performed with a Berkovich 

indenter tip to a depth of 500 nm. Two representative load vs. displacement data sets and a 

corresponding SEM image, which shows a 85˚-tilted view of the indenter tip hovering 6 µm 

above the sample surface acquired during the nanoindentation experiment are shown in 

Figure 3.12a and b. Figure 3.12c and d contains top-down SEM images that show the residual 

indentation impressions outlined by dashed circles on the Na and Li phases, respectively. 

Hardness (H) is then calculated as 

                                                                      𝐻 =
𝑃

𝐴𝑐
 (12) 

where P is the final indentation load measured by the instrument and Ac is the contact area 

measured directly from the SEM image to avoid influence of the pile-up effect. Table 2 

contains the contact area (Ac), maximum indentation load (P), and hardness (H), as well as 

the hc/h measured from the impression images with 500 nm indent depth. The result reveals 

that Na shows stronger pile-up effect at low depth, leading to 40% higher hc/h at 500 nm 

depth compared with 2 µm, while the Li shows similar hc/h under both 500 nm and 2 µm 

depth. This phenomenon can cause an overestimated hardness of Na at low depth if using 

the same hc/h ratio as measured at 2 µm and help us to explain the high measured hardness 

of Na below 1 µm depth in Figure 3.11. We also need to note that the Na phase is embedded 

in a Li matrix, and this different boundary condition from pure Na film may slightly influence 

the hc/h ratio. The shallow (500 nm) indentation experiments into individual Li and Na 

phases demonstrate that Na phase shows a hardness of around 8.9 MPa, which is 54% lower 

than the Li phase in the composite anode with a hardness of around 16.5 MPa. 
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Figure 3.12. Nanoindentation tests on individual Li and Na phases. a) Load-depth data from 

nanoindentation tests on Li and Na regions from a 20% Na foil. b) SEM image during the 

nanoindentation experiment on the Na phase. 85˚-tilted view of the Berkovich tip hovering 

6 µm above the sample surface with residual nanoindentation impression on Na region. Top-

view SEM images of residual nanoindentation impressions on c) a Na region and d) a Li 

region.  

 

Table 3.1. Experimental parameters (Ac and P) and measured hardness (H) of Li and Na 

phases shown in Figure 3.12. 

 

 
Contact area (A

c
) 

[µm
2
] 

Indentation load (P) 

[mN] 
Hardness (H) [MPa] hc/h 

Li 
9.89 0.158 16 1.08 

9.08 0.154 17 1.04 

Na 
16.77 0.138 8.2 1.45 

19.32 0.134 9.6 1.57 

 

The yield strength of bulk Na metal was reported in the range of 0.16-0.28 MPa74,75, and Na 

is generally considered mechanically softer than Li. However, the mechanical behavior of 
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Na at micro- and nanoscales remains insufficiently understood. In 2020, Fincher et al. 

showed a decreasing hardness of Na from ~30 MPa to 4 MPa as the indentation depth 

increased from 0.3 to 10 µm, with a further decrease to 1.1 MPa under 135 µm indentation 

depth.74 However, change in hc/h ratio with indent depth is not considered in their 

nanoindentation analysis. Compared with Li metal tested under equivalent conditions, Na 

metal displays softer mechanical properties, although the difference between two metals 

decreases with smaller length scale. Later, Liu et al. used an ETEM-AFM platform for in-

situ mechanical property measurements of electroplated Na dendrites, showing yield 

strengths of 92-203 MPa from nanorods or nanoparticles with diameters of 196-1110 nm.76 

Similar method has been applied to Li whisker and the yield strengths from 12.2 MPa to 244 

MPa were measured with diameter from 76 to 607 nm.77  But both works indicate a nanolayer 

of Na2CO3 or Li2CO3 with less than 20 nm thickness on the sample surface, which may 

slightly influence the test results. In addition, Citrin et al. reported an average yield stress of 

16.0 ± 6.82 MPa from electrodeposited Li pillar in SEM with 360-759 nm diameters.78 These 

results suggest that while lithium generally exhibits higher intrinsic strength, the mechanical 

contrast between Na and Li becomes increasingly condition-dependent at the submicron 

scale as shown in figure 3.13. Our nanoindentation measurements at a depth of 500 nm on 

individual Li and Na phases further show that the Na phase exhibits a 54% lower hardness 

compared with the Li phase in the Li/Na composite anode. This observation supports our 

hypothesis that the Na phase can more easily deform without high stack pressures, thereby 

mitigating void formation and improving interface contact between the metal anode and 

solid-state electrode. 
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Figure 3.13 Summary of reported yield strength and hardness of Li and Na metals from 

literature, together with the nanoindentation results from this work.  

3.4 Summary 

The mechanical behavior of Li/rGO and Li/Na composite anodes was studied by uniaxial 

compression experiments on FIB-milled micro-pillars and nanoindentation experiments, 

respectively. The in-situ micro-pillar compression test allows us to observe the deformation 

process and identify the deformation mechanism. In pure Li micro-pillars, the initial 

displacement burst corresponds to a shear via crystallographic slip, showing a flow stress of 

43 MPa. Through SEM images and EDS analysis, we found that the rGO is concomitant 

with adjacent pore structures. During compression, multiple cracks occur in the hollow 

regions, resulting in lower modulus and yield strength in high C loading samples. 

Nanoindentation was conducted on Li/Na composite anodes. A pile-up effect was observed 

and corrected according to the indentation impression area. The indentation with a depth of 

2 μm into the composite revealed a modulus reduction caused by the introduction of Na filler 

into Li matrix. Size effect was observed in pure Li and Na metals, as well as in the composite 
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anodes, and all samples exhibited similar hardness in the range of 9.5-11.8 MPa. Shallow 

(500 nm) indentation into individual Li and Na phases of the composite anode was then 

carried out, indicating that the Na phase shows more severe pile-up effect with low 

indentation depth and has 54% lower hardness compared with the Li phase. This result 

supports our hypothesis that during the Li stripping process, Na can easily deform without 

high stack pressures. Therefore, the Na phase can lead to reduced void formation and 

improved interface contact between the metal anode and solid-state electrolyte.  
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C h a p t e r  4  

HYDROGEL INFUSION ADDITIVE MANUFACTURING FOR MICRO-
ARCHITECTED LFP/C ELECTRODES 

 

4.1 Overview 

Additive manufacturing techniques have been increasingly explored as a promising approach 

to fabricate 3D electrodes with controlled geometries. However, challenges remain in 

achieving high printing resolution and precise control over complex micro-architectures, 

especially for cathodes, which usually require the introduction of active material particles or 

precursors into the print ink or resin. Our group previously developed the HIAM technique 

for printing metallic and metal oxide materials, and this method has been successfully applied 

to fabricate 3D LCO electrodes. Its potential to synthesize other classes of materials, such as 

transition metal phosphates and composite materials, remains to be explored. 

This chapter develops a HIAM-based method to fabricate micro-architected LFP/C 

composite electrodes via ion infusion into a pre-printed polymer scaffold, followed by 

thermal treatment. During calcination, the polymer scaffold served as a carbon source, 

enabling the concomitant formation of a conductive carbon network while simultaneously 

reducing the Fe3+ to Fe2+. Powder XRD analysis confirmed the formation of olivine-

structured LFP, while SEM and EDS characterization revealed uniformly distributed LFP 

particles within the lattice beams. The carbon content of the electrodes was tuned through 

precursor concentration, which significantly enhanced the mechanical strength. 

Electrochemical measurements of the micro-architected LFP/C electrode assembled in coin 

cells exhibited clear LFP redox peaks near 3.4 V and delivered a specific capacity of 160 

mAh/g at C/10, close to the theoretical capacity of LFP. These results demonstrate that this 

HIAM-based approach enables the fabrication of mechanically robust micro-architected 

LFP/C electrodes with high resolution and well-controlled 3D architectures. 
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4.2 Fabrication of 3D-architected LFP/C electrode 

 

Figure 4.1. Schematics of the hydrogel infusion additive manufacturing process for LFP/C 

composite electrodes and representative images of the resulting lattices. a) CAD model of a 

tilted cubic lattice and its unit cell. b) A 3D printed blank organogel lattice. c) Metal-ion-

infused hydrogel lattice formed via solvent exchange and ion infusion. d) LFP/C composite 

electrode obtained after pyrolysis and calcination under inert atmosphere. 

Figure 4.1 contains the specific steps of the gel infusion additive manufacturing process, 

which begins with a computer-aided design (CAD) architecture model; in this case, a two-

layer tilted cube. The blank organogel scaffold is then printed using a DLP 3D printer (Ember, 

Autodesk) and serves as a template defining the 3D architecture of the final electrode. The 

photoresin is prepared by mixing 0.1 mol poly(ethylene glycol) diacrylate (PEGda; Mn = 

575, Sigma-Aldrich) with N,N-dimethylformamide (DMF; 99.8%, Sigma-Aldrich) solvent 

under 1:1 volume ratio. 1.33 mmol 2-dimethylamino-2-(4-methyl-benzyl)-1-(4-morpholin-

4-yl-phenyl)-butan-1-one (Omnirad 379; iGM Resins), 1.25 mmol 4,4’-

bis(dimethylamino)benzophenone (Michler’s ketone; 98%, Sigma-Aldrich), and 0.06 mmol 

1-Phenylazo-2-naphthol (Sudan I; ≥95%, Sigma-Aldrich) are added into the resin to serve 

as photoinitiator, photosensitizer, and UV blocker, sequentially. The exposure time is 7-10 s 

and varies slightly depending on the age of the photoresin. 
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The printed organogel scaffold was then swollen in deionized (DI) water for 2 hours at 80 

˚C for solvent exchange and in aqueous solution of LiNO3, Fe(NO3)3, and NH4H2PO4 for 2 

days at 80 ˚C for ion infusion. An optical image of the infused gel is shown in Figure 4.2a. 

Solvent exchange replaces the organic solvent with DI water and forms a hydrogel scaffold. 

The ion infusion step enables the diffusion of Li+, Fe3+, and PO4
3- ions into the scaffold and 

their embedding within the polymer network. Subsequently, calcination in Ar atmosphere 

(gas flow rate = 50 ml/min) is carried in a tube furnace (OLT-1500X-UL, MTI). The 

temperature was firstly increased to 400˚C for 4 hours pyrolysis, followed by heating to 

800˚C for 6 hours calcination. The temperature profile is shown in Figure 4.3. The SEM 

image of the as-synthesized LFP/C lattice is shown in Figure 4.2b. During calcination, the 

polymer scaffold acts as carbon source, driving the reduction of Fe3+ to Fe2+ and forming an 

additional conductive carbon network within the lattice. The expected reaction is: 

𝐹𝑒(𝑁𝑂3)3 + 𝐿𝑖𝑁𝑂3 + 𝑁𝐻4𝐻2𝑃𝑂4 + 𝜂𝐶26𝐻46𝑂13 → 𝐿𝑖𝐹𝑒𝑃𝑂4 + 26𝜂𝐶 + 4𝑁𝑂2 ↑

+(13𝜂 + 4)𝐻2𝑂 ↑ +(10𝜂 − 2.5)𝐻2 ↑ +𝑁𝐻3 ↑. 𝜂 is the molar ratio of PEGda to Fe(NO3)3 

salt.  

This process results in an approximately 60% linear shrinkage after calcination. For the tilted 

cubic lattice, the measured linear shrinkage is 61% in the surface plane (x-y plane), and 63% 

in the thickness direction (z direction). Specifically, the hexagon diagonal in the x-y plane 

shrinks from 15√2 mm in the CAD model to 8.33 mm after calcination, while the lattice 

thickness decreases from √3 mm in CAD model to 0.646 mm after calcination.  
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Figure 4.2 Images of a two-layer tilted cube lattice. a) Optical image of the infused 

hydrogel. b) SEM image of the LFP/C composite lattice. 

 

Figure 4.3 Temperature profile of pyrolysis and calcination process. 

4.3 Thermal analysis for calcination process 

Figure 4.4a presents the thermogravimetric analysis (TGA; TGA 550, TA Instruments) of 

the infused hydrogel under a N2 atmosphere, conducted at a heating ramp of 1 °C/min from 

room temperature to 800 °C. The plot shows that 10.6% of the original mass remains at the 

final calcination temperature of 800 °C. The blue curve shows the derivative of sample 

weight with respect to temperature (dW/dT) and demonstrates that the vaporization of water 
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within the polymer network occurs below 100 °C, accompanied by a mass loss of around 

25%. The first mass loss peak is observed at 130 °C, corresponding to the loss of bound water 

from Fe(NO3)3·xH2O and LiNO3·xH2O. Similar dehydration peaks have been reported in 

Cu2+ and Ni+ infused hydrogels48. Three major mass loss events occur between 290 °C and 

420 °C (shaded blue region), which correspond to three concurrent reactions occurring in 

this temperature range: (1) decomposition of the reactants, (2) pyrolysis of the polymer 

network, and (3) reduction of iron from Fe (III) to Fe (II). For comparison, an analogously 

produced TGA curve of a blank hydrogel, with no metal ions, is shown in Figure 4.4b, 

exhibiting a single pyrolysis dW/dT peak at 350 °C.    

 

Figure 4.4 TGA profile of the a) ion-infused hydrogel and b) blank gel under N2 atmosphere, 

with a heating ramp from room temperature to 800 °C at 1 °C/min. 

4.4 Chemical composition and structure characterization 

The lattices were ground for powder X-ray diffraction analysis (XRD; SmartLab, Rigaku) 

with Cu Kα radiation at 40 kV and 50 mA. Figure 4.5 contains the powder XRD analysis 

that shows the formation of well-crystallized LFP with olivine structure. The XRD results 

reveal LFP as the main phase, along with two impurity phases: Fe and Li3PO4, in the solid 

sample prepared from the liquid precursor solution with the molar ratio of 1 (Li+) : 1 (Fe3+) : 

1 (PO4
3-). The formation of Li3PO4 and metallic Fe is attributed to the excessive Li+ 
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concentration in the infused hydrogel, which causes Li+ ions to bind with the PO4- ions and 

reduce the Fe3+ ions to metallic state in the high-temperature reducing atmosphere during 

calcination. The mass fractions of the crystalline phases are calculated through XRD 

refinement (Figure 4.6, Table 4.1) and show that the stoichiometric precursor solution 

produces solids with the atomic ratio of 1.2 (Li) : 1.0 (Fe) : 1.0 (P) (Table 4.2). To suppress 

the formation of impurity phases, we reduced the initial Li+ concentration in the precursor 

solution from 1 mol/L to 0.9 mol/L (Sample II), 0.7 mol/L (Sample III), and 0.5 mol/L 

(Sample IV), while the Fe(NO3)3 and NH4H2PO4 salt concentrations were kept as 1 mol/L. 

The XRD data reveals a corresponding steady decrease in the Li3PO4 and Fe peak intensities 

in the solid samples, with Sample III containing only the pure LFP phase (Figure 4.5). We 

found that in the 0.5 mol/L Li+ sample, the shortage of Li to bind with PO4
3- leads to the 

formation of another undesirable phase, Fe2P. We chose the solid sample that consists of 

93.4 wt.% LiFePO4, 5.5 wt.% Li3PO4, and 1.1 wt.% Fe (Sample II) for the following 

electrochemical experiments in this work.  
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Figure 4.5 XRD pattern of samples prepared using a stoichiometric precursor solution, 1 

mol/L Li+ (Sample I), and solutions with 0.9, 0.7, and 0.5 mol/L Li+ concentrations (Sample 

II, III, IV), while the Fe3+ and PO4
3- concentrations are kept at 1 mol/L. The characteristic 

peaks are labeled as: ● LiFePO4, ▽ Fe2P, ◇Li3PO4, and □ Fe. 
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Figure 4.6 Refinement profile of the XRD data for samples prepared using a a) stoichiometric 

precursor solution, 1 mol/L Li+, and solutions with b) 0.9 mol/L, c) 0.7 mol/L, and d) 0.5 

mol/L Li+ concentrations, while the Fe3+ and PO4
3- concentrations are kept at 1 mol/L. 

Table 4.1 Weight fractions of crystalline phases and reliability factors (χ2) of the XRD 

refinement results for sample prepared by precursor solutions with various Li+ concentrations. 

The concentration of Fe3+ and PO4
3- were kept as 1mol/L. 
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c(Li+) 

(mol/L) 
LiFePO4 
(wt.%) 

Fe2P (wt.%) 
Li3PO4 
(wt.%) 

Fe (wt.%) χ2 

Sample I 1 87.2 - 8.8 4 1.97 

Sample II 0.9 93.4 - 5.5 1.1 2.25 

Sample III 0.7 100 - - - 1.57 

Sample IV 0.5 97.1 2.9 - - 2.29 

 

Table 4.2 Atomic ratio between Li, Fe, and P calculated based on XRD refinement results. 

 c(Li+) (mol/L) Li Fe P 

Sample I 1 1.23 1.01 1 

Sample II 0.9 1.07 1.04 1 

Sample III 0.7 1 1 1 

Sample IV 0.5 0.97 1.03 1 

 

The beam cross section was prepared via FIB with an accelerating voltage of 30 kV. Ion 

beam currents of 50 nA, 10 nA, and 5 nA were applied sequentially. An SEM image of the 

FIB-milled beam cross-section is shown in Figure 4.7f. The beam width is measured to be 

139 μm, corresponding to a shrinkage of approximately 65% from the original CAD model 

(400 μm). The thickness of the beam measured from the cross-section SEM image is 51 μm, 

representing the minimum feature size of this structure. Figure 4.7g-j contains EDS maps of 

the same beam cross-section, which demonstrate a uniform distribution of each present 

element: C, P, O, and Fe. For comparison, a cross-section image of sample I prepared by the 

precursor solution with the molar ratio of 1 (Li+) : 1 (Fe3+) : 1 (PO4
3-), together with its EDS 

maps, is also included in Figure 4.7a-e. The non-uniform distribution of P and Fe elements 
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indicates the formation of Li3PO4 and Fe phases as individual particles inside the beam. 

These results, together with the zoomed-in SEM images in Figure 4.8a and b, indicate that 

the 201 ± 67 nm-sized LFP particles are homogeneously distributed throughout the carbon 

network within the beams (N = 114). The LFP particle size distribution is shown in Figure 

4.8c. Submicron pores are also observed in the beam cross-section, accounting for around 

13% of the area. 

 

Figure 4.7 SEM images of FIB-milled cross-section of lattice beams and the corresponding 

EDS maps. a) SEM image of beam cross-section of Sample I prepared with 1 mol/L Li+ 

precursor solution and b-e) the corresponding EDS element maps. f) SEM image of beam 

cross-section of Sample II prepared with 0.9 mol/L Li+ precursor solution and g-h) the 

corresponding EDS element maps, showing the homogeneous distribution of C (red), P 

(blue), O (green), and Fe (turquoise). 
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Figure 4.8 Zoomed-in SEM images showing the presence and dimensions of LFP particles, 

carbon network, and pore structure a) on beam surface and b) inside the lattice beam. c) 

Frequency distribution of LFP particle size. 114 particles were measured. 

4.5 Mechanical strength enhancement via carbon network 

Our results indicate that tuning the ion concentrations in the precursor solutions offers control 

over the carbon content in the solid electrodes. While the ratio of Li+ : Fe3+ : PO4
3- was kept 

as 0.9:1:1, the concentration of Fe3+ and PO4
3- were decreased to 0.9, 0.7, 0.5, and 0.25 mol/L 

(Figure 4.9a) to investigate the effect of precursor concentration on the carbon content of the 

finial electrodes. Figure 4.9b shows that the volume of samples after swelling in solution 

decreased with increasing concentration. The volume of the 0.25 mol/L samples was close 

to the control group of samples swollen in DI water (left column with a darker color). The 

total masses of four samples from each group and the changes during the fabrication process 

are recorded in Table 4.3. After swelling in DI water, the sample mass decreased by 5.6%, 

mainly resulting from solvent exchange. The mass of the 0.25 mol/L sample increased by 

9.4%, which can be explained by the infusion of ions. Above 0.25 mol/L, the gels with a 

higher precursor concentration tended to lose more mass after infusion, despite their expected 

higher ion loading, indicating that the acidic environment and the presence of nitric acid can 

cause corrosion of the gel. Compared to the infused gel, the sample prepared with a higher 

precursor concentration retained a higher percentage of mass after calcination, corresponding 

to a higher LFP loading. 
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Figure 4.9 Ion concentration variation in precursor solutions. a) Image of precursor solutions 

with concentration of Fe3+ and PO4
3- decreased to 0.9, 0.7, 0.5, and 0.25 mol/L b) Infused 

hydrogels prepared by precursor solutions with varied concentrations. 

Table 4.3 Masses of samples prepared by precursor solutions with varied concentrations and 

changes in mass during the fabrication process. 

Precursor 
concentration 

(mol/L) 

Mass before 
infusion 

(mg) 

Mass after 
infusion 

(mg) 

Mass after 
calcination 

(mg) 

Mass change 
during 

infusion 

Mass 
remaining 

after 
calcination 

0.9 862.1 555.4 31.3 -35.6% 5.6% 

0.7 906.1 752.1 39.9 -17.0% 5.3% 

0.5 886.3 867.7 39.1 -2.1% 4.5% 

0.25 932.6 1020.5 33.1 9.4% 3.2% 

0 858.2 810.5 13.6 -5.6% 1.7% 

 

We measured the carbon content in samples prepared with different precursor concentrations 

via TGA analysis by heating them in air to 900˚C at a 1˚C/min rate (Figure 4.10a). A 5.1% 
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mass increase was attributed to the oxidation of LFP into Li3Fe2(PO4)3 and Fe2O3, and all 

additional mass loss was assigned to the gasification of carbon79. The plot in Figure 4.10b 

shows that the final carbon content decreased from 32.5% to 7.4% as precursor concentration 

increased from 0.25 mol/L to 0.9 mol/L, which can be attributed to the corrosion of gel and 

the increased LFP load.  

 

Figure 4.10 Effect of precursor concentration on the carbon content. a) TGA profile of 

LFP/C electrodes prepared by precursor solutions with various concentrations. A heat ramp 

to 900 ˚C at 1˚C/min is applied in air. b) The final carbon contents of the 3D electrodes as 

a function of the precursor concentration. 

We investigated the mechanical behavior of the LFP/C four-layer tilted cubic lattices with 

varying carbon content by conducting uniaxial compression experiments at a strain rate of 

10-3 s-1 until failure. Columns with 4-layer tilted cube structure (Figure 4.11a) were prepared 

for uniaxial compression experiments. A dynamic mechanical analyzer (DMA; DMA850, 

TA Instruments) with a 15 mm diameter compression clamp was used (Figure 4.11b). A 

layer of Crystalbond was added under the sample to align the sample top surface with the 

compression clamp. The videos were recorded with an inspection camera (TTAKMLY). The 

effective elastic modulus was calculated by the slope of the linear elastic region in the stress-
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strain curve after the stress reached 0.015 MPa. Failure strength was defined as the stress 

before the first observed failure event, and the maximum stress during the compression test 

was recorded as the maximum strength. 

 

Figure 4.11 Experimental setup for uniaxial compression tests. a) CAD model of the 4-layer 

tilted cubic lattice for uniaxial compression test. The beams with 1mm length and tilted 35.3˚ 

from the horizontal were formed by sweeping circles with a diameter of 400 μm. The 

structure porosity is 82.1%, which is same as the tilted cubic electrodes. b) A 15 mm diameter 

compression clamp is used in uniaxial compression experiments. 

Figure 4.12 shows several representative engineering stress-strain data sets, as well as the 

optical images of each lattice in the as-fabricated state and at a representative compressive 

strain between 4-6%. The data indicate that, after establishing full contact, the lattices first 

undergo linear elastic deformation up to a strain of 0.5%, after which most samples 

experienced a global collapse from a maximum stress of 47-162 kPa, depending on the C 

content, at strains between 1% and 4%. Engineering stress-strain data beyond 5% strain is 

shown in Figure 4.13, where the stress gradually increases as the compressive strain increases 

to 30%, likely as a result of densification. We observed that the samples with low carbon 

content (7.4% and 14.6%) failed at multiple points within the bottom lattice layers at strains 

of 1%-2%, resulting in broad and relatively smooth peaks in the stress-strain curve. Samples 

with higher carbon content (25.6% and 32.5%) exhibited multiple abrupt stress drops 

throughout deformation, which are attributed to layer-wide beam fracture followed by sliding 

along the fracture plane.  
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Figure 4.12. Mechanical characterization of the LFP/C composite lattices. a) Engineering 

stress-strain data obtained during uniaxial compression of the LFP/C lattices that contain 

7.4%, 14.6%, 25.6%, and 32.5% carbon, conducted at a strain rate of 10-3 s-1. The slope 

marker in the linear elastic loading section represents the effective Young’s modulus of the 

lattice. Optical images of the same lattices before and after the major collapse are shown at 

corresponding strains. Scale bar = 2 mm. b) Effective Young’s modulus, maximum strength 

(solid circles), and failure strength (open circles) as a function of carbon content in the micro-

electrodes.  

Figure 4.12b summarizes the strength and effective Young’s modulus of the LFP/C micro 

lattices as a function of carbon content and reveals a non-linear increase in both. The 25.6% 

C and 32.5% C lattices are able to support stresses up to σfailure = 103 kPa and 162 kPa prior 

to the first interlayer collapse, with corresponding effective Young’s moduli of E = 18.7 MPa 

and 27.1 MPa, respectively. The higher carbon content and the emergent interlayer collapse 

failure mechanism in these lattices contribute to their mechanical resilience. In contrast, the 

7.4% C lattice (σmax = 47 kPa, E = 4.8 MPa) and the 14.6% C lattice (σmax = 65 kPa, E = 8.8 

MPa) deform primarily through individual local fracture. These results indicate that the 

carbon network significantly enhances the mechanical strength of the LFP/C lattices and 
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preserves shape integrity of the 3D structure during cell assembly and function. We therefore 

selected the 25.6% C sample for electrochemical performance evaluation in this work, as it 

provides sufficient mechanical strength for cell assembly while retaining a higher LFP 

content than the 32.5% C sample. 

 

Figure 4.13 Engineering stress vs strain during uniaxial compression of the LFP/C lattices 

that contain 7.4%, 14.6%, 25.6%, and 32.5% carbon conducted at a strain rate of 10-3 s-1. 

4.6 Electrochemical performance of micro-architected LFP/C electrodes 

To evaluate the electrochemical performance of the micro-architected LFP/C electrodes, 

micro-architected electrodes were assembled into CR2032 coin cells against Li foil (ribbon, 

thickness × W 0.38 mm × 23 mm, 99.9%, Sigma-Aldrich) for electrochemical testing (Figure 

4.14a). The Al foil current collector and the 25 μm trilayer separator (Celgard 2325, 

Cambridge Energy Solutions) were punched out with a diameter of 15.9 mm. The electrode 

was adhered to the current collector via a conductive adhesive, which was made by mixing 

43 wt.% carbon black (Timical Super C65, MTI) and 57 wt.% polyvinylidene fluoride 
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(PVDF; Sigma-Aldrich) in 1-methyl-2-pyrrolidinone (NMP; 99.5%, Sigma-Aldrich) at 56 

mg/ml. A 1 mm thick polyacrylate ring printed from a commercial photoresin (PR48, 

Autodesk) was placed around the electrode to protect the structure. All of the components, 

together with the CR2032 coin cell cases (MTI), were dried at 50 ̊ C under vacuum overnight 

before transferring to an Ar glovebox for cell assembly. 1M LiPF6 in ethylene carbonate (EC) 

and diethyl carbonate (DEC) with 1:1 volume ratio was used as electrolyte.  

Cyclic voltammetry (CV) between 2.4 V and 4.2 V was performed on the electrode with 

tilted cube structure using a potentiostat (SP-200, BioLogic). The scanning rate was set to be 

0.025 mV/s. Figure 14b shows a pair of redox peaks centered at approximately 3.4 V, which 

is consistent with the characteristic redox potential of LFP vs. Li/Li+ at around 3.5 V80, 

confirming the electrochemical activity of the electrodes.  

Galvanostatic cycling tests were conducted on electrodes with 3D structures using a battery 

cycling system (BTS4000, Neware). The batteries were charged with constant current until 

the voltage reached 4.2 V, then discharged until the voltage dropped to 2.2 V. After 3 

formation cycles, the coin cells were cycled at C/10, C/5, C/2, 1C, and 2C for 3 cycles each, 

followed by 10 cycles at C/10. A 1C rate stands for fully charging or discharging the 

electrode in 1 hour, assuming a specific capacity of 170 mAh/g for LFP. Figure 4.15a 

contains the galvanostatic charge-discharge profiles of the 25.6% C sample measured under 

various C-rates and reveals a specific capacity of 160 mAh/g at C/10, which is only ~7% 

below the theoretical capacity of LFP (170 mAh/g).  
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Figure 4.14 Cyclic voltammetry of a coin cell with LFP/C electrode. a) Schematic diagram 

of a coin cell with the micro-architected electrode for electrochemical test. b) Cyclic 

voltammetry measurements of the tilted cube electrode at a scan rate of 0.025 mV/s.  

  

Figure 4.15 Galvanostatic charge-discharge measurement. a) Galvanostatic charge-discharge 

profiles of the tilted cube electrode at C/10, C/5, C/2, and 1C. b) Discharge capacities at C/10 

of samples with various carbon contents. scale bar = 500 µm 

The discharge capacities under C/10 of samples with different carbon contents are shown in 

Figure 4.15b. Samples with a 2-layer tilted cube structure (full z) and the same structure 

squeezed to 50% in thickness (half z) were used. The results show an improved specific 

capacity with increasing carbon content until a capacity of 160 mAh/g is reached at 25.6% 

C in the half-z sample. Mechanical failure may occur in samples with lower carbon content 

(7.4% and 14.6%) during cell assembly and cycling due to their weak mechanical strength. 



 
65 

 

 

This can cause active materials to be isolated from the conductive lattice, preventing them 

from participating in the electrochemical reaction. We also observe that the specific 

capacities of full-z samples are generally lower than those of half-z samples. This reduction 

in capacity with increasing thickness may arise from multiple factors, including longer 

transport pathways in the electrolyte through the porous structure, possible limitations in 

electronic conductivity, and a longer solid-state diffusion distance associated with a larger 

feature size. The influence of micro-architecture on electrode electrochemical performance 

will be discussed in more detail in the next chapter. 

4.7 Summary 

In this chapter, we designed, synthesized, and characterized 3D LFP/C composite electrodes 

with tilted cubic architecture and 51 µm beam thickness. In this additive manufacturing 

process, a polymer scaffold is firstly printed with a DLP 3D printer, which provides high 

resolution and flexibility in structural design. Subsequently, metal ion and phosphate ion 

precursors are infused into the hydrogel scaffolds and calcined at 800℃ under an inert 

atmosphere, producing LFP/C composite micro-lattices with submicron pores and 201 ± 67 

nm-sized LPF particles formed within the structure. The formation of well-crystalized LFP 

is confirmed via powder XRD analysis and the ratio between precursor ions was tuned to 

suppress the formation of impurity phases. The concomitant formation of carbon within the 

lattice provides electron transport pathways and enhances the mechanical strength, which 

preserves the shape integrity of the 3D structure during cell assembly and function. The 

carbon content in the electrode can be controlled through the precursor solution concentration 

and quantified via TGA. The uniform distribution of C, O, P, and Fe elements is revealed 

through EDS mapping. To characterize electrochemical properties, the LFP/C electrode was 

assembled into a coin cell against Li foil. The electrochemical activity of LFP was confirmed 

by the cyclic voltammetry curve. Galvanostatic charge-discharge measurements reveal a 

specific capacity of 160 mAh/g at C/10, which is close to the theoretical capacity of LFP. 
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This method is amenable to printing a wide range of electrode materials and offers the 

advantages of 3D architecture in enhancing overall cell electrochemical performance. 
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C h a p t e r  5  

STRUCTURE–TRANSPORT RELATIONSHIPS IN MICRO-ARCHITECTED 

LITHIUM-ION BATTERY ELECTRODES 

5.1 Overview 

In recent years, additive manufacturing has attracted increasing attention as a promising 

approach to fabricate lithium-ion battery electrodes with well-defined architectures. 

Experimental and modeling studies have demonstrated that the electrochemical performance 

of architected electrodes is influenced by their 3D structure, including geometric factors such 

as feature size81, sparse density82, planar pattern type45, and electrode thickness83. Compared 

with conventional electrodes, in addition to low tortuosity, several studies have also 

demonstrated the benefits from high surface area of 3D electrodes.84,85  However, due to the 

limitations in printing resolution, comparisons between different architectures may 

inadvertently be affected by solid-state diffusion limitations. The mechanisms by which 

electrode geometry influences electrochemical performance are not yet fully understood. 

Therefore, it remains challenging to identify and quantify the dominant geometric parameters 

that govern ion transport and reaction behavior in architected electrodes.  

With the fabrication platform developed in the previous chapter, we investigate the structure-

transport relationships in micro-architected LFP/C electrodes. Several representative 

geometries, including tilted cubic lattice, honeycomb with different wall thicknesses, and 

TPMS architecture, are fabricated with feature size varying from 18 μm to 74 μm. Their 

specific capacities are compared across different charge-discharge rates to identify the 

dominant geometric factors influencing battery performance. The results reveal that 

electrode tortuosity and structural feature size play critical roles in determining 

electrochemical behavior. 
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To further understand these observations, a 3D electrochemical model based on the pseudo 

two-dimensional (P2D) framework is developed to simulate ionic transport, reaction kinetics, 

and active material utilization in architected electrodes. The modeling results agree well with 

experimental measurements, revealing limitations from  Li+ transport in liquid electrolyte 

phase and from solid-state diffusion. Electrodes with lower tortuosity and smaller feature 

size reduce these transport limitations and achieve improved electrochemical performance. 

These results provide insight into how electrode architecture governs transport processes and 

active material utilization in 3D printed battery electrodes, thereby contributing to the design 

of micro-architected battery electrodes. 

5.2 Influence of 3D electrode structure on electrochemical performance 

To investigate the influence of the 3D electrode geometry on electrochemical performance, 

we fabricated additional LFP/C electrodes with a honeycomb geometry featuring two 

different wall thicknesses of 18 µm and 74 µm, as well as a TPMS geometry with a wall 

thickness of ~38 µm. CAD models of tilted cubic lattice (beam length = 1 mm, lattice 

thickness = 1.73 mm, porosity = 82.1%), honeycomb I (wall thickness = 50 μm, hole 

diameter = 0.45 mm, lattice thickness = 2 mm, porosity = 81.0%), honeycomb II (wall 

thickness = 200 μm, hole diameter = 1.82 mm, lattice thickness = 2 mm, porosity = 81.1%), 

TPMS (wall thickness = 200μm, lattice thickness = 2mm, porosity = 80.7%) were built in 

SolidWorks and nTop. The tilted cubic lattice beams are tilted 16.8˚ from the horizontal and 

formed by sweeping circles with a diameter of 400 μm. Figure 5.1 contains optical images 

of the 3D printed organogels with these geometries. And the as-synthesized electrodes have 

thickness between 630 µm and 648 µm, measured from the side-view SEM images in Figure 

5.2. The active material loading of the cathodes, normalized by both area and volume, along 

with the electrode thicknesses are included in Table 5.1. Although we began with CAD 

models with similar porosity and were able to control the electrode thickness to similar values, 

we still observed differences in areal mass loading between different structures, which can 
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be attributed to variations in printing accuracy and local shrinkage among the node, beam, 

and wall structures with different feature sizes.    

 

Figure 5.1. Optical images of the blank organogel with (a) tilted cube, (b) honeycomb I with 

wall thickness of 50 µm, (c) honeycomb II with wall thickness of 200 µm, and (d) TPMS 

structures. 
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Figure 5.2. Side view (52° tilted) SEM images of the LFP/C electrodes with (a) tilted cube, 

(b) 18 µm honeycomb, (c) 74 µm honeycomb, and (d) TPMS structures.  

Table 5.1 Areal mass loading, electrode thickness, LFP volume density, and relative density 

of LFP for different architectures. 

 Tilted cube 
Honeycomb I 

(18 µm) 
Honeycomb 

II (74 µm) 
TPMS 

Areal mass loading 
(mg/cm2) 

39.7 22.3 9.9 23.9 

LFP volume 
density (g/cm3) 

0.62 0.35 0.15 0.37 

Thickness (µm) 646 630 648 642 
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Figure 5.3 shows images of the micro-architected electrodes with each geometry, together 

with their specific capacities under different charge-discharge rates. The results reveal that 

the TPMS electrode, which has the highest tortuosity, displays a specific capacity 40-50% 

lower than that of all other structures at C-rates below C/2 and maintains relatively low 

capacities across all C-rates. As the C-rate increases to 1C, a significant drop in capacity is 

observed in the tilted cube electrode, whereas both honeycomb electrodes maintain capacities 

higher than 120 mAh/g. Upon further increasing the C-rate to 2C, electrodes with smaller 

feature sizes display higher capacities. Only the honeycomb sample with 18 µm wall 

thickness remains electroactive at 2C, showing the highest capacity of 94 mAh/g, while the 

capacities of tilted cube and 74 μm honeycomb electrodes drop to near zero.   

These results suggest that, under low C-rates, the electrochemical performance may be 

mainly limited by Li+ transport through the electrolyte and diffusion to the electrode surface. 

Whereas at high C-rates (i.e., 2C), the capacity becomes dominated by the minimum feature 

size of the electrode architecture, as electrolyte-phase transport is no longer the rate limiting 

step. A direct consequence is that electrode architectures with lower tortuosity provide 

shorter Li+ transport pathways in the electrolyte, thereby enhancing active material utilization. 

The high tortuosity of the TPMS electrodes blocks the Li+ diffusive path through the pores, 

which causes a 40-50% capacity reduction compared to the other architectures. The influence 

of electrode tortuosity on electrochemical performance has also been reported in thick 

electrodes with designed pore structures28,86,87. The results obtained at high C-rate indicate a 

shift in the rate limiting step from liquid-phase Li+ transport in the electrolyte to solid-state 

Li+ diffusion within the electrode. By shortening the solid-state diffusion length, electrodes 

with smaller feature sizes are able to achieve better high-rate performance44,49,88. 
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Figure 5.3. Electrochemical performance of micro-architected LFP/C electrodes. Discharge 

specific capacities of electrodes with tilted cube, honeycomb, and TPMS geometries at 

various C-rates. Insets show the CAD renderings (left), top view optical images (center), and 

SEM images (right) of electrodes. 

5.3 3D electrochemical model for micro-architected electrodes 

A 3D electrochemical model of a half-cell incorporating a micro-architected electrode was 

developed for finite element analysis. This model, based on Doyle and Newman’s P2D 

framework89, follows the approaches of Vahur et al.90 and Bradley et al.91. The model 

includes the mechanisms of Li+ diffusion and migration in the separator and electrolyte, 

electrochemical reaction on the electrode-electrolyte interface, solid-state Li+ diffusion 

within cathode, and electronic transport within cathode. The schematic of the model is shown 

in Figure 5.4. The model includes three domains: separator, liquid electrolyte, and solid 

electrode. The left boundary is the interface between the Li anode and separator, while the 

right boundary is the interface between cathode and current collector. All the other outside 

boundaries are set as insulation and no flux. The geometry models are rebuilt according to 

the SEM images.  
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Figure 5.4. Schematic of the 3D electrochemical model built for a half cell with 3D 

architected cathode.  

The conservation of charge and mass in electrolyte is described as:  

 
∇ ∙ 𝒊𝑙 = ∇ ∙ (−𝜎𝑙𝛻𝜙𝑙 +

2𝜎𝑙𝑅𝑇

𝐹
(1 +

𝜕𝑙𝑛𝑓

𝜕𝑙𝑛𝑐𝑙
) (1 − 𝑡+)𝛻𝑙𝑛𝑐𝑙) = 0 (13) 

 
−∇ ∙ 𝑱𝑙 = ∇ ∙ (𝐷𝑙𝛻𝑐𝑙 −

𝒊𝑙𝑡+

𝐹
) =

𝜕𝑐𝑙

𝜕𝑡
 (14) 

Here, φl and cl are the potential and local Li+ concentration in electrolyte. The electrolyte 

conductivity σl, electrolyte diffusion coefficient Dl, mean molar activity coefficient f, and 

transference number of positive ions t+ are determined by Equations (15) - (18)92, where cref 

= 1000 mol/m3 

 
𝜎𝑙 = 1.147 (

𝑐𝑙

𝑐𝑟𝑒𝑓
)

3

− 22.38 (
𝑐𝑙

𝑐𝑟𝑒𝑓
)

1.5

+ 29.15
𝑐𝑙

𝑐𝑟𝑒𝑓
 [𝑆/𝑚] (15) 

 
𝐷𝑙 = 7.588 ∙ 10−11 (

𝑐𝑙

𝑐𝑟𝑒𝑓
)

2

− 3.036 ∙ 10−10
𝑐𝑙

𝑐𝑟𝑒𝑓
+ 3.654 ∙ 10−10 [𝑚2/𝑠] (16) 
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𝑡+ = −0.1291 (

𝑐𝑙

𝑐𝑟𝑒𝑓
)

3

+ 0.3517 (
𝑐𝑙

𝑐𝑟𝑒𝑓
)

2

− 0.4893
𝑐𝑙

𝑐𝑟𝑒𝑓
+ 0.4287 (17) 

 

1 +
𝜕𝑙𝑛𝑓

𝜕𝑙𝑛𝑐𝑙
=

0.2731 (
𝑐𝑙

𝑐𝑟𝑒𝑓
)

2

+ 0.6352
𝑐𝑙

𝑐𝑟𝑒𝑓
+ 0.4577

0.1291 (
𝑐𝑙

𝑐𝑟𝑒𝑓
)

3

− 0.3517 (
𝑐𝑙

𝑐𝑟𝑒𝑓
)

2

+ 0.4893
𝑐𝑙

𝑐𝑟𝑒𝑓
+ 0.5713 

 (18) 

The effective conductivity σl,eff and diffusion coefficient Dl,eff used in the separator domain is 

estimated by the Bruggeman’s relation93, where εl is the electrolyte volume fraction: 

 𝜎𝑙,𝑒𝑓𝑓 = 𝜀𝑙
1.5𝜎𝑙            𝐷𝑙,𝑒𝑓𝑓 = 𝜀𝑙

1.5𝐷𝑙 (19) 

and the conservation of charge and mass in separator is described as:  

∇ ∙ 𝒊𝑙 = ∇ ∙ (−𝜎𝑙,𝑒𝑓𝑓𝛻𝜙𝑙 +
2𝜎𝑙,𝑒𝑓𝑓𝑅𝑇

𝐹
(1 +

𝜕𝑙𝑛𝑓

𝜕𝑙𝑛𝑐𝑙
) (1 − 𝑡+)𝛻𝑙𝑛𝑐𝑙) = 0 (20) 

−∇ ∙ 𝑱𝑙 = ∇ ∙ (𝐷𝑙,𝑒𝑓𝑓𝛻𝑐𝑙 −
𝒊𝑙𝑡+

𝐹
) =

𝜕𝑐𝑙

𝜕𝑡
 (21) 

Li+ transport with in cathode is described by solid-state diffusion (Equation 22), and the 

electronic current density is governed by Ohm’s law (Equation 23): 

 
−∇ ∙ 𝑱𝑠 = ∇ ∙ (𝐷𝑠𝛻𝑐𝑠) =

𝜕𝑐𝑠

𝜕𝑡
 (22) 

 ∇ ∙ 𝒊𝑠 = ∇ ∙ (−𝜎𝑠𝛻𝜙𝑠) = 0 (23) 

Here, φs and cs are the potential and local Li+ concentration inside electrode. σs is the electrical 

conductivity and Ds is the diffusion coefficient of LFP electrode.  

The boundary condition at the cathode-electrolyte interface is given by the Butler-Volmer 

kinetic expression, determining the electrochemical reaction rate at the interface: 
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𝑖𝑙𝑜𝑐 = 𝑖0 (𝑒𝑥𝑝 (

𝛼𝑎𝐹𝜂

𝑅𝑇
) − 𝑒𝑥𝑝 (

−𝛼𝑐𝐹𝜂

𝑅𝑇
)) (24) 

The local current density iloc is determined by the overpotential η and the exchange current 

density i0: 

 𝜂 = 𝜙𝑠 − 𝜙𝑙 − 𝐸𝑒𝑞 
(25) 

 𝑖0 = 𝐹𝑘0𝑐𝑠
𝛼𝑐(𝑐𝑠,𝑚𝑎𝑥 − 𝑐𝑠)𝛼𝑎𝑐𝑙

𝛼𝑎  (26) 

Here Eeq and k0 are the equilibrium potential and reaction rate constant. The flux and current 

into and out of this interface are described as: 

𝒏 ∙ 𝑱𝑙 = −𝒏 ∙ 𝑱𝑠 =
𝑖𝑙𝑜𝑐

𝐹
 (27) 

𝒏 ∙ 𝒊𝑙 = −𝒏 ∙ 𝒊𝑠 = 𝑖𝑙𝑜𝑐 (28) 

Here n is the interface normal direction. The boundary condition of anode-separator is given 

by the kinetics of a lithium metal electrode, where the exchange current density  𝑖0 =

𝐹𝑘𝐿𝑖𝑐𝑙
𝛼𝑎 , equilibrium potential Eeq = 0, and external electric potential φs = 0 is applied for 

the Butler-Volmer expression.  

A constant current 𝐼𝑎𝑝𝑝 = ∫ 𝒊𝑠 ∙ 𝒏
𝜕𝛺

𝑑𝑆 is applied on the cathode-current collector interface 

to control the discharge rate, and the average potential on this interface is recorded as the cell 

voltage. All of the material parameters used in this model are listed in Table 5.2.  

The initial Li+ concentrations were set as cl = 1000 mol/m3 and cs = 228mol/m3 (SOC = 0.01), 

and the initial values for potentials are φl = 0V, φs = Eeq(SOC=0.01). A current distribution 

initialization step is applied before the time dependent discharge. The fully charged unit cells 

of tilted cube and honeycomb structure (wall thickness = 18 μm) were then discharged at 

C/10, 1C, and 2C until the voltage reached 2.5 V. In Figure 5.5, the simulation results (red 

dot) and the experimental charge-discharge data (black dots) under C/10 exhibit good 
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agreement. To show the trajectory of Li+, starting point controlled streamline of Li+ flux in 

electrolyte is generated at t = 30 min under 1C.  

Table 5.2. Parameters used in electrochemical modeling 

Parameters  Values Units 

σs electrical conductivity of LFP 16 94 S m-1 

Ds electrode diffusion coefficient 3.2 × 10−13 95 m2 s 

cs,max maximum concentration in LFP 22806 96 mol m3 

k0 reaction rate constant of LFP 1.4 × 10−12 96 m2.5 mol-0.5 s-1 

kLi reaction rate constant of Li 10-4 97 m-0.5 mol0.5 s-1 

αa anodic transfer coefficient 0.5 - 

αc cathodic transfer coefficient 0.5 - 

εl electrolyte volume fraction 0.39 - 

T temperature 293.15 K 

R molar gas constant 8.314 J mol-1 K-1 

F Faraday constant 96487 C mol-1 
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Figure 5.5 The discharge curve from the time dependent simulation (red dot) and the 

experimental charge-discharge curve (black line) for (a) tilted cube and (b) honeycomb 

electrodes at C/10.   

5.4 Influence of 3D electrode structures on electrochemical performance  

In the simulation, fully charged unit cells with tilted cube (porosity = 83.5%, thickness = 630 

μm, feature size = 49 μm) and honeycomb (porosity = 79.5%, thickness = 629 μm, feature 

size = 18 μm) geometries were discharged at C/10, 1C, and 2C until the cell voltage dropped 

to 2.5 V. We applied this model to analyze ionic transport and the SOC, defined as the ratio 

of the local Li concentration to the maximum Li concentration LFP can hold, which 

represents the local utilization of active material. We did not analyze the TPMS geometry 

due to its low-capacity performance. Figure 5.6 contains the SOC distribution at the end of 

discharge and conveys the presence of an SOC gradient through the electrode thickness as 

the discharge rate increases. Limited by the Li+ transport in electrolyte, the depletion of Li+ 

in electrolyte near the current collector leads to a substantial reduction in SOC in this region. 

A detailed discussion about Li+ concentration distribution in electrolyte is provided in section 

5.5. This effect is more pronounced in the tilted cube electrode, which has higher tortuosity 

and longer Li+ transport distance. We define the tortuosity as the length of the diffusive 

trajectory in electrolyte divided by the straight distance from the start point to the end point. 
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Figure 5.7 a-d shows the Li+ flux and corresponding trajectories at 50% SOC. The tortuosity 

is 1.22 ± 0.18 for the tilted cube geometry compared with 1.01 ± 0.02 for the honeycomb 

(Figure 5.7e). 

The SOC inside the beams and nodes of tilted cube significantly decreases at 2C, indicating 

that solid-state diffusion limits active material utilization. We did not observe this 

phenomenon in the honeycomb electrode, where the smaller feature size (18 μm) enables 

relatively high material utilization inside the walls. These simulation results further support 

our hypothesis that the electrochemical performance of micro-architected electrodes is 

mainly limited by Li+ transport in electrolyte at low discharge rates and by solid-state 

diffusion within electrode at high discharge rate.  

  

Figure 5.6. SOC distribution in tilted cube and honeycomb unit cells at the end of discharge 

under various C-rates.  
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Figure 5.7 Li+ flux vectors (red arrows) with a) tilted cube and c) honeycomb electrodes at 

50% SOC with a discharge rate of 1C, overlaid on the electrolyte Li+ concentration map. 

Streamlines of Li+ flux with b) tilted cube and d) honeycomb electrodes at 50% SOC with a 

discharge rate of 1C, overlaid on the electrode SOC distribution. e) Tortuosity for each 

structure, 45 streamlines were calculated. 

 

5.5 Discussion of Li+ Concentration Distribution in the Electrolyte 

The evolution of Li+ concentration is analyzed using the 3D half-cell electrochemical model. 

Cells with the tilted cubic and 18 μm honeycomb 3D electrodes are initialized with a uniform 

Li+ concentration of 1000 mol/m3 in the electrolyte. The Li+ concentration distributions in 

electrolyte at SOC = 50%, when the cells are discharged at C/10, C, and 2C, are shown in 

Figure 5.8. The Li+ concentration in electrolyte exhibits a tendency similar to that of SOC 

distribution in the electrode, developing an obvious gradient from the separator toward the 

current collector at 1C, with the gradient becoming increasingly severe as the discharge rate 

increases. This effect is more pronounced with the tilted cubic electrode, which has higher 

tortuosity and longer Li+ transport pathway, resulting in a minimum Li+ concentration of 272 

mol/m3 at 1C and 9.45 mol/m3 at 2C. These simulation results indicate that Li+ depletion and 

insufficient ionic transport in the electrolyte lead to severely reduced Li+ concentration in the 
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bottom region (near current collector), which suppresses the local electrochemical reaction 

rate and results in reduced active material utilization in this region.  

 

Figure 5.8. Distribution of Li ion concentration in electrolyte at 50% SOC.  

5.6 Discussion of electronic percolation limitations 

Given the intrinsically low electronic conductivity of LFP and the relatively thick electrodes, 

the percolation of electronically conductive material can also influence polarization and rate 

performance. In particular, the high aspect ratio architecture (thin beams and walls) could 

introduce local electronic resistance.98 The in-situ formation of a carbon network via 

pyrolysis during the LFP synthesis has been proven to significantly improve the conductivity 

and rate capabilities.79,99 For instance, Delacourt et al. reported that a 4.75 wt.% carbon 

coating formed by thermal decomposition of additional carbon source (citric acid and 

ethylene glycol) at 700 °C are able to increase the conductivity of LFP from the order of 10-

9 S/cm to 0.16 S/cm.100 In our system, 25.6 wt.% amorphous carbon concomitantly formed 

inside the structure was expected to provide improved  electronic transport. To estimate the 

electronic conductivity, the resistance of a honeycomb electrode was tested by using copper 
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foil as contacts on the top and bottoms faces (Figure 5.9a, b), measuring  a resistance of R = 

4.6 Ω. The effective area (A = 0.084 cm2) was estimated based on the top-view SEM image 

in Figure 5.9c. The surface exhibited partial mechanical damage during the resistance test, 

while the main structure remained intact. The thickness (t = 677 µm) was measured from the 

side-view (52° tilted) SEM image in Figure 5.9d. An apparent conductivity of approximately 

0.18 S/cm was calculated by: 

𝜎 =
𝑡

𝑅 ∙ 𝐴
 (29) 

Considering that this two-probe measurement includes contact resistance, the calculated 

value should be regarded as a lower bound. Therefore, the material conductivity is expected 

to be on the order of 10-1 S/cm.   
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Figure 5.9 Experimental setup for conductivity measurement. a, b) Copper foil was contacted 

onto the top and bottom side of a honeycomb electrode.  c) Top-view SEM image after the 

resistance test. Inset shows the estimated cross-section area. d) 52° tilted side-view SEM 

image. 

We examined the simulated potential distributions in electrode φs and electrolyte φl at the 

final time step (Figures 5.10 and 5.11). The results indicate that the ohmic overpotential 

accounts for part of the voltage drop at high charge rates, but its contribution is negligible at 

moderate discharge rate (e.g., 1C) or in the honeycomb structure. In contrast, a significant 

potential drop is observed in the electrolyte phase (Figure 5.11), which is coupled with the 

migration of Li+ in electrolyte and can help to explain the noticeable polarization in 

experimental results. Considering that these simulations were performed using relatively 

high electronic conductivity (0.16 S/cm), applying a lower conductivity may exacerbate the 

limitation from electronic resistance. 

 

Figure 5.10 Potential distributions in electrode at the final time step. 
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Figure 5.11 Potential distributions in electrolyte at the final time step. 

5.7 Summary 

To investigate the structure-transport relationships with micro-architected LFP/C electrodes, 

in addition to the tilted cubic lattice, electrodes with honeycomb and TPMS geometries were 

synthesized, with a minimum feature size varying from 18 µm to 74 µm. Benefiting from 

low tortuosity and small feature size, the honeycomb structure with 18 µm wall thickness 

exhibits the best rate performance due to promoted ion transport. An electrochemical model 

that incorporates the specific electrode geometry with respect to the ionic flow was developed, 

demonstrating the dominant effect of Li+ transport in electrolyte and Li+ diffusion in 

electrodes on the active material utilization. These results provide insight into the role of 

electrode architecture in governing transport processes and active material utilization, 

contributing to the design of micro-architected electrodes. 
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C h a p t e r  6  

SUMMARY AND OUTLOOK 

6.1 Summary 

In this work, we began with an investigation of the mechanical behavior of lithium-ion 

battery electrodes at the micro- and submicroscale, including both electrodeposited LCO 

cathodes and Li-based composite anodes. Then, we developed a HIAM-based additive 

manufacturing method to fabricate micro-architected LFP/C composite electrodes and 

explored the structure-transport relationships in these 3D architected lithium-ion battery 

electrodes. 

The mechanical behavior of electrode materials was investigated using in situ 

nanoindentation and micro-pillar compression experiments. To determine the intrinsic 

mechanical properties of charged LCO crystals while minimizing grain boundary and air 

exposure effects, nanoindentation was performed with a custom mechanical testing system 

inside an SEM. The results show that the elastic modulus and hardness decrease with 

increasing SOC due to Li deintercalation and the expansion of the layered LCO structure. 

The recovery of mechanical properties during discharge indicates that the changes are mainly 

governed by Li concentration rather than structural damage. Fracture toughness 

measurements on the electrode cross-section reveal a 20% reduction near the current 

collector after delithiation, which is attributed to the formation of cracks and voids.  

In addition, the mechanical behavior of Li/rGO anodes was studied through uniaxial 

compression experiments on FIB-milled micro-pillars. The Li/rGO composite exhibits 

reduced elastic modulus and yield strength due to the collapse of pore-rich regions. The 

nanoindentation measurements on Li/Na anodes show that the Na filler decreases the overall 

modulus and exhibits 54% lower hardness than the Li phase in the composite. The 
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deformability of the Na phase can reduce void formation and improve interfacial contact in 

solid-state batteries. Following the investigation of electrode mechanical properties, we 

further conducted studies on micro-architected electrodes.  

We demonstrated that the HIAM technique is capable of fabricating micro-architected LFP/C 

composite electrodes with high resolution and complex geometries. The formation of carbon 

within the lattice significantly enhanced the mechanical strength of the electrodes, providing 

sufficient mechanical support for cell assembly. We investigated the influence of geometric 

factors, including feature size and tortuosity, on the electrochemical performance of 

electrodes with tilted cube, honeycomb, and TPMS geometries. We found that Li+ transport 

in the liquid electrolyte is the rate-limiting factor at low charge-discharge rates. As the rate 

increases, the dominant limitation shifts to Li+ diffusion within the electrode. To further 

understand these observations, a 3D electrochemical model was developed, revealing the 

impact of architectural features on Li+ transport and active material utilization.  

Although the volumetric energy density is currently limited by the high porosity, our results 

suggest a viable design strategy for future architected electrodes. Specifically, architecture 

with low tortuosity pathways can facilitate ionic transport through the electrolyte, whereas 

reduced feature size on the order of ~20 µm and minimized node size help alleviate solid-

state diffusion limitations. Further optimization, such as decreasing pore size and overall 

porosity, may improve volumetric utilization without compromising rate performance. 

6.2 Outlook: Interpenetrated electrodes for lithium-ion batteries 

Most 3D printed electrodes reported to date are integrated into batteries using a sandwich-

type configuration, in which the cathode and anode are separated by a planar separator or 

solid electrolyte and assembled in a stacked geometry, so as in this work. In such systems, 

the porous architecture of 3D printed electrodes can help to enhance lithium-ion transport 

within thick electrodes by introducing low-tortuosity pathways filled with electrolyte. This 

approach has been widely explored as a strategy to increase electrode mass loading while 
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maintaining reasonable rate performance. In this work, the high resolution by our HIAM-

based approach enabled sufficiently small feature sizes, thereby minimizing limitations from 

solid-state diffusion within the electrode at charge-discharge rate below 2C. The honeycomb 

architecture with 18 µm wall thickness exhibits a mass loading of 22.3 mg/cm2 and delivers 

an areal capacity of 2.1 mAh/cm2 at 2C, indicating its potential to simultaneously achieve 

high areal capacity and rate capability. 

Despite these structural advantages, the electrochemical performance of these ~630 μm thick 

electrodes with ~80% porosity remains limited by lithium-ion transport through the liquid 

electrolyte phase. As the electrode thickness increases, we would expect that the transport 

distance within the electrolyte-filled pores becomes progressively longer, leading to a more 

severe concentration gradient and increased ionic resistance. This observation highlights an 

inherent limitation of the conventional sandwich-type battery architecture, in which ionic 

transport between the cathode and anode must occur across the full thickness of the electrode-

separator-electrode stack. In such configurations, increased electrode thickness impairs ion 

transport and limits the full potential of micro-architected electrodes to achieve high areal 

capacity.  

One promising strategy to overcome this limitation is the development of 3D interpenetrated 

electrode architectures, in which the cathode and anode are spatially interwoven within a 

shared electrolyte network. In this case, the ionic transport distance between electrodes can 

be dramatically reduced to the distance between the adjacent lattice beams, enabling high-

rate operation even with large electrode thickness and high active material loading. From a 

transport perspective, interpenetrated electrodes can effectively decouple electrode thickness 

from ionic transport distance, allowing thick electrodes to maintain efficient ionic transport. 

Additive manufacturing provides an attractive platform for realizing such interpenetrated 

architectures, as it enables precise spatial control over electrode geometry and material 

distribution. Several studies have fabricated comb-shaped interdigitated electrodes using 

extrusion-based 3D printing39,101,102, demonstrating the capability of this architecture to 
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support high areal capacity. However, due to the viscous nature of the ink, these layer-by-

layer stacking strategies usually have limitations in the aspect ratio of the structures and the 

electrode thickness. In this case, our HIAM-based approach provides a practical route to 

fabricate these complex structures with well-defined geometries and high resolution.  

Overall, this work looks at the roles of materials, mechanics, and 3D architectures in lithium-

ion batteries. A fabrication platform for micro-architected electrodes is developed to 

understand how these 3D structures are connected to battery performance. In addition, there 

remains significant opportunity to further improve these designs and advance them toward 

practical applications. 
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